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Abstract  

Surface properties of cathode materials play important roles in the transport of lithium-ions/electrons 

and the formation of surface passivation layer. Optimizing the exposed crystal facets of cathode materials can 

promote the diffusion of lithium-ions and enhance cathode surface stability, which may ultimately dominate 

cathode’s performance and stability in lithium-ion batteries. Here, polycrystalline LiCoO2 (LCO) thin films with 

(0003) and {101"1} preferred orientations were prepared as the well-defined model electrodes. In situ Current-

Sensing Atomic Force Microscopy (CSAFM) was employed to investigate the lithium de-intercalation and 

electronic conductivity evolution of the (0003) and {101"1} facts in organic electrolyte at the nanoscale. It was 

found that the lithium deintercalation following a “Li-rich core model” in the LCO grains, and the LCO grains 

with (0003) crystal face show less conductivity than those with {101"1} faces. Moreover, X-ray photoelectron 

spectroscopy characterization of the charged electrode surface indicates that a denser surface passivation layer 

is formed on {101"1} than that on (0003) crystal faces. This is caused by the lower adsorption energy of 

decomposition molecule on  {101"1} crystal faces and higher work function (due to the surface atomic structure) 

for {101"1} crystal faces, as confirmed by Density Functional Theory (DFT) and Kelvin probe force microscopy 

(KPFM) results. In addition, electrochemical measurements confirm that the thin film electrodes with {101"1} 

preferred orientation not only show smaller electrode polarization, but also more readily form a stable surface 

passivation layer compared with the (0003) preferred orientation. This work highlights the importance of 

cathode surface conductivity, and also suggests that the {101"1} facet atomic structure may thermodynamically 

promote the physical/chemical adsorption and decomposition of electrolyte.  
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High energy density and power density are two pervasive and persistent concerns in lithium-ion 

batteries. Increasing the working voltage and charging rate of cathode materials are two effective 

strategies [1-2], but they are usually limited by the cathode surface stability and electronic/lithium 

transport, respectively. Therefore, the understanding of electronic/lithium conductivity and surface 

passivation layer in cathode materials is essential for its practical application and development. Since 

the most widely used layered lithium transition metal oxides (Li1+xM1-xO2, M = Ni, Mn, Co) show 

distinctive anisotropic physical/chemical properties [3], in-depth studies of the cathode surface stability 

and electronic/lithium conductivity on different crystal faces are therefore highly needed.  

Many efforts have been done to study the anisotropic lithium migration in lithium cobalt oxide 

(LCO) thin film with different preferred orientations [4-7]. Dellen et al. studied the lithium de-

/intercalation in the LCO thin films with (0003) preferred orientation, and it was found that the pinning 

of Li-ions may create cracks along [00l] direction which decreases the battery reversible capacity [4, 

5]. Haiyan et al. reported that LCO (10𝟏$4) oriented thin film provides a higher Li-ion diffusion 

coefficient (7×10-10 cm2/s) compared with (0003) oriented films (8×10-11 cm2/s) [6]. Moreover, due to 

the easily accessible Li-ion diffusion channels, LCO thin films with (11𝟐$0) preferred orientation were 

also found to show 20 % more capacity than that with (0003) orientation at 10 C charge/discharge rate 

[7]. It is well known that, in the battery charge/discharge process, both lithium ions and electrons shuttle 

back and forth within the host lattice of cathode materials [8, 9]. Therefore, the Li ion migration and 

electronic conductivity are equally important to the battery performances. However, the differences in 

electrode performances were merely attributed to the anisotropy of Li-ion migration in these studies. 

As for the lithium deintercalation induced electronic conductivity changes and surface physicochemical 

properties of LCO thin film with certain preferred orientation have hardly been discussed.  

The electronic conductivity of electrode materials directly determines the polarization status of 

lithium-ion batteries, and further influences the battery high-rate performance. With the decrease of Li 

contents (x) in LixCoO2, an insulator-to-metal transition (IMT) was observed, resulting from the 

transition of insulated O3-I phase to the metallic O3-II phase [10-12]. This implies that the Li-rich Li1-

0.9CoO2 is insulated while the Li-poor Li0.9~0.5CoO2 is metallic. Thus, it is critical to monitor the 

electronic conductivity in real time during the charge/discharge process. However, most of the previous 

measurements on the electronic conductivity of LCO, so far, are limited to the bulk materials or 
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polycrystalline films under ex-situ conditions [10, 13], and the intriguing IMT of LCO has not been 

studied on different crystal facets at the nanoscale. Direct visualization of the electronic conductivity 

evolutions on different crystal faces enable better understanding the origin of polarization-dependent 

battery performance. Recently, new techniques have been developed to allow the Atomic Force 

Microscopy (AFM) to be operated in liquid conditions [14-17], which can image the cathode materials 

at charging and discharging processes [18, 19], thus providing the capability to directly probe the 

physical-chemical properties of the liquid/solid interface. Here we employed the in situ current-sensing 

Atomic Force Microscopy (CSAFM) to study the interfacial conductivity on the surface of LCO crystal 

grains and to probe the IMT on a certain crystal face. Since the extraction of Li-ions from the LCO host 

crystal lattice will create local Li-poor crystal region and increase the conductivity [20, 21], the nano-

conductivity mapping on individual grains can further reveal the details of Li-ions migration during the 

deintercalation [22]. 

The cathode surface physicochemical properties have significant impacts on the adsorption and 

decomposition of electrolytes as well as the formation of electrode surface passivation layer [23, 24]. 

However, only few studies focused on this impact of cathode surface atom species and their 

arrangements. In many previous studies, the approximated electronic structure theory was introduced 

to explain the formation of surface passivation film [25, 26]. For the high-voltage cathode materials, 

the chemical potential of cathode materials might locate below the highest occupied molecular orbital 

(HOMO) when it is charged at > ~4.5 V vs lithium. Thus, the cathode will oxidize the electrolyte until 

a cathode electrolyte interphase (CEI) is formed to block the electron transfer from the electrolyte 

HOMO to the cathode [25, 26]. However, experimental results show that CEI layer can grow in a low 

charge voltage range (<4.2 V vs lithium) [27] and even can be formed as soon as the electrode is soaked 

in the electrolyte [28]. Recently, it is discovered that the decomposition voltage of the electrolyte on 

cathode is not directly equivalent to the HOMO level, but to the electrolyte oxidation potential (-

eEoxidation) [29]. This can well explain the CEI formation at lower charge voltage, but it is still lacking 

consideration for the adsorption effects of cathode surface on electrolyte molecular. Moreover, only 

few studies discussed the formation mechanism of CEI [30] and the catalysis effects of exposed metal 

(Co/Ni/Mn) atoms on the cathode surface.  
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In this study, polycrystalline LCO thin film with preferentially exposed {101"1} and (0003) facets 

were successfully deposited in a controllable manner. Their crystal structures and grain shapes were 

studied by electron microscopy. In situ XRD and CSAFM were employed to probe the Li-ion de-

intercalation model and electronic conductivity on (0003) and {101"1} facets. The compositions and 

thicknesses of the surface passivation layers on each kind of electrode was studied by X-ray 

photoelectron spectroscopy (XPS). The adsorption and formation of the surface passivation layer was 

also confirmed by DFT calculations. Three key factors including the lithium diffusion, electronic 

conductivity, and formation of surface layers were studied in detail towards cathode electrochemical 

performances. The better rate and cycle performances of cells with {101" 1} preferred orientation 

electrode was attributed to its straight lithium diffusion channels and better electronic conductivity  

compared to that with (0003). However, the lower adsorption energy of {101"1} facets toward the 

decomposition of organic molecules contributes to the adsorption and decomposition of electrolyte, 

which cause the formation of thick CEI and reduce the Coulombic efficiency during the initial cycle.  

 

2. Experimental Section 

2.1 Thin film preparations and characterization 

Polycrystalline lithium cobalt oxide thin films with preferred orientations of (0003) and {101"1} 

were grown by using radio frequency magnetron sputtering. The deposition chamber was evacuated 

using a turbo-molecular pump to an initial pressure of 4×10−4 Pa and kept at a working pressure of 0.5 

Pa. Aluminium foils (Macklin, purity 99.0%, 10 μm) were used as both substrates and current collectors. 

The substrate temperature was kept at 500 ◦C. Deposition was conducted with a total gas flow amount 

of 50 sccm and the gas flow ratio of Ar : O2 was kept at 4:1 and 1:1 for (0003) and {101"1} preferred 

orientation respectively. The sputtering was conducted at power of 100 W for 4 hours, and sample/target 

distance was fixed at 10 cm. The thickness of the thin films was controlled at about 500 nm.  

The crystalline structure and orientation of the as-deposited LCO films were determined by X-

ray diffraction (Rigaku Ultima, Cu radiation, λ=0.15406 nm). The surface morphology of thin films 

was captured by scanning electron microscopy (SEM, Hitachi SU-8010). TEM and STEM-HAADF 
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images were captured by FEI TALOS F200X. Thin film cross-sections were prepared by focused ion 

beam (ZEISS CROSSBEAM 550). The in situ XRD electrochemical cells were assembled in an Ar-

filled glove box. Linear sweep voltammetry (LSV) of the LCO film was carried out at a voltage step of 

0.02 mV s-1 from 3.6 to 4.2 V, and the X-ray spectra were recorded at a set time interval of 10 min. The 

work functions of the films were recorded using Kelvin probe force microscopy (KPFM) measurements 

(Bruker Dimension Icon). Surface chemistry of the disassembled first charged electrode was 

characterised using an X-ray Photoelectron Spectroscopy (XPS, ESCALAB 250 Xi, USA). The binding 

energy (B.E.) was calibrated using the C sp2 peak of aliphatic moieties at 284.8 eV. The charged 

electrodes were washed in dimethyl carbonate in an argon-filled glove-box and transferred into XPS 

chamber through sample transfer box (Thermo Fisher Inc.) to prevent exposure to the atmosphere. XPS 

was conducted at different sample spot to exclude CEI lateral inhomogeneous distributions. The 

CSAFM was performed based on Bruker Icon. As shown in the Fig. 1, the potentiostat (CHI760E, 

Chenghua Instrument) was used to control electrode deintercalation in the CSAFM characterization. A 

specially designed insulated probe with an exposed conductive apex was employed for the interfacial 

conductivity measurements using a tip radius of approximately 50 nm [14, 16]. A constant voltage (-50 

mV) was applied between the samples and tip observing at different deintercalation states according to 

the in situ XRD results. The tip current is Non-faraday capacitance current and derives from direct 

conduction between the metal tip apex and the conductive local region. More experimental details about 

the CSAFM tests and instruments can be found in Fig. S2 in the supplementary information. 

 

Fig. 1 The scheme and picture of in situ current-sensing Atomic Force Microscopy (CSAFM). 

 

2.2 Electrochemical measurements 
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Coin half-cells were assembled in Ar-filled glovebox to measure the electrochemical properties. 

LCO thin film electrode acted as the cathode, Li foil as the anode and ethylcarbonate (EC) and dimethyl 

carbonate (DMC) (1: 1 vol %) solution with an addition of 1M LiPF6 as the liquid electrolyte. LCO 

thin-film electrodes were punched as a disc with R=0.6 mm. All electrochemical performances were 

measured at 27 °C. Galvanostatic charge-discharge was carried out at 0.2 C between 3.0 and 4.2 V. 

Rate performance measurements were conducted at the charge/discharge rate of 0.3, 0.6, 1.2, 2.4 and 

4.8 C. 

2.3 DFT Calculation  

Calculations in this work were carried out using the Vienna ab initio simulation package (VASP) [31-32] 

with the projector augmented wave (PAW) method [34]. Exchange-correlation interactions were treated with 

generalized gradient approximation (GGA) [35] in the Perdew-Burke-Ernzerhof (PBE) form [36]. The on-site 

electron-electron interactions were taken into account by performing GGA+U level calculations for Co-3d 

electrons. The value of the effective U was set to 4.91 eV, as suggested in the previous work [37]. Spin polarized 

calculations were performed, and the plane-wave basis set for the kinetic energy cutoff was 500 eV. The 

Brillouin zone was sampled using Monkhorst–Pack scheme with 4×4×1 k-point grid. Atomic positions were 

optimized by using the quasi-Newton method until the forces were less than 0.05 eV/Å. The adsorption energy 

(Eads) for the adsorbate is defined as [23, 38]: 

𝐸'() = 𝐸'()+,-'./0)1,2'3/ − 𝐸)1,2'3/ − 𝐸'()+,-'./ 

Where Eadsorbate-surface, Esurface and Eadsorbate are the energies of the surface with adsorbate adsorption, clean surface 

and gas-phase adsorbate, respectively. 

3. Results and discussion 
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Fig. 2 Structure characterizations of {101"1} preferred orientation ({101"1}-PO) and (0003) preferred orientation 

((0003)-PO) thin films. (a) XRD patterns. (b) and (c) HAADF-STEM images and Co EDS mapping (inset) of 

cross-sectional thin-film. (d) and (e) TEM image of the cross-sectional film surface area on Fig. 1 (b) and (c), 

respectively. (f) and (g) HAADF-STEM images of the middle region of the film in Fig. 1 (b) and (c), respectively. 

(h) HAADF-STEM image of Co atomic columns along the [𝟏$𝟏$𝟐𝟎] zone-axis. (i) The Differential Phase Contrast 

(DPC)-STEM image at high magnification. (j) and (k) SEM images of {101"1}-PO and (0003)-PO thin films 

surface, the insets are two typical crystal grain shapes. 

 

Fig. 2a shows the XRD patterns of as-prepared LCO thin films with two preferred orientations 

({101"1} and (0003)). Only one diffraction peak can be observed in each thin film sample. These two 

diffraction peaks (at 2θ ≈ 18.9° and 37.3°) are attributed to (0003) and (101"1) crystal planes of R𝟑$m 

LiCoO2, respectively. Here the (0003) and {101"1} preferred orientations are denoted as (0003)-PO and 

{101"1}-PO, respectively. Figs. 2b and c show STEM cross-sectional views of the two types of sample 

as-prepared by FIB. The thicknesses of both thin films are measured to be about 500 nm. Different 

preferred orientations of LCO thin films result in exposing different crystal planes to the electrolyte. As 
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seen in the near-surface area of the cross-sectional high resolution TEM images (Figs. 2d and e), the 

lattice fringes with d(0003)=0.47 nm prove the structure models in the inset. For {101"1}-PO, the fast Li+ 

diffusion planes intersect with the film surface. However, for the (0003)-PO, the lithium diffusion 

channels are parallel to the film surface.  The TEM image Figs. 2f and g show that the diffusion channels 

between Co-O layers are also observed in the middle region of the film, which indicates the as-prepared 

thin film electrodes have preferred orientation throughout their thickness. The atomic resolution 

HAADF-STEM image along the [𝟏$𝟏$𝟐𝟎] direction in Fig. 2h was captured by rotating the (0003)-PO 

sample. The clearly observed Co atomic columns confirm that the as-prepared LCO thin film is highly 

crystalline with R𝟑$m structure [39]. In Fig. 2i, the Differential Phase Contrast STEM image shows a 

uniform electronic/magnetic deflection angle around each cobalt atom, which indicates that the cobalt 

atoms in the as-deposited thin film are dominated by the stoichiometric non-magnetic Co3+. Figs. 2j and 

k are typical SEM images of the film surfaces exhibiting crystal grains with characteristically symmetric 

facets. The morphology of the {101"1}-PO thin film in Fig. 2j consists of many 4-mm symmetry crystal 

grains with cuboidal appearance. By contrast, the (0003)-PO thin film in Fig. 2k shows many triangular 

domains with 3-mm symmetry. These two kinds of grains are consistent with previous reports, which 

suggest that grain appearances correlate to the orientations and symmetries of the R𝟑$m LCO crystal [6, 

40]. To sum up the structure data, highly crystallization and stoichiometric LCO (0003)-PO and {101"1}-

PO thin films with distinct symmetric facets were successfully prepared. 

 

Fig. 3 (a)/(b) and (c)/(d) The in situ 2D XRD/Contour Spectrum of (0003)-PO and {101"1}-PO electrode plotted 

in the regions with Bragg reflections during the 1st de-intercalation respectively.  
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In situ XRD spectra were conducted at different electrode potentials by Linear Sweep 

Voltammetry (LSV) scan (supplementary information Fig. S1) for both (0003) and {10𝟏$1} thin film 

electrodes. Fig. 3 shows the in situ XRD patterns regarding the Bragg reflections of (0003)-PO and 

{101"1}-PO LCO thin films respectively during the 1st de-intercalation. As shown in Fig. 3a, (0003) 

diffraction peak of O3-I phase remains constant with the voltage sweeping up till 3.91 V, and then a 

new peak belonging to the O3-II phase emerges at around 3.91 V corresponding to the beginning of the 

O3-I→O3-II phase transition (IMT). As shown in Fig. 3b, in the charge process, the peak intensity of 

the O3-I phase decreases as increasing amount of O3-II phase is formed, and the d-spacing of O3-II 

phase increases from about 4.78 to 4.85 Å. As for the diffraction spectra of {101"1}-PO thin films shown 

in Fig. 2c, a new peak, corresponding to the (101"1) diffraction peak of O3-II phase, grows on the high-

angle side of existing (101"1) peak during the 3.91-4.01 V. Then, the peak of O3-II phase comes back to 

the position of original (101"1) peak with stronger diffraction intensity (as shown in Fig. 3d) between the 

voltage range of 4.01-4.19 V. The (101"1) peak position for the O3-II phase is close to the O3-I phase 

because the lattice parameters “a” and “b” of O3-I/II phase are very similar [41]. The phase transition 

results during the first de-intercalation are in accord with previous reports [42, 43]. 

Based on the in situ XRD and LSV analysis, four de-intercalation states for CSAFM 

characterization were chosen with: before de-intercalation state, charge voltage Vc=3.91 V, 4.01 V and 

4.19 V states. They are corresponding to four typical phase transition states of LCO. Figs. 4a and b are 

the results of in situ CSAFM characterizations (a larger scanning area can be found in supplementary 

information Fig. S3). During CSAFM measurements, a constant voltage was applied between tip and 

sample. The higher Tip-Sample contact (TSC) current in the local region is, the higher the conductivity 

is, which also means the lower lithium concentration it has.  



 

 
11 

 

Fig. 4 (a) and (b) The tip-sample contact current (TSC) signal on the surface of {101"1}-PO and (0003)-PO 

electrode at Vc=4.19 V, 4.01 V, 3.91 V, during the 1st de-intercalation, respectively. (The first picture on the left 

for each figure is SEM image) (c) and (d) The diagram of lithium concentration distributions in the both grains. 

(e) and (f) The TSC current as a function of the distance from M to N in Fig. 4 (a) and from O to P in Fig. 4 (b).  

 

As shown in Fig. S3, before de-intercalation, the captured TSC currents on the (0003) and 

{101"1}-PO electrodes keep at the noise level due to their insulative initial state. Fig. 4a is the distribution 

of TSC current on a single grain (101"1) surface during the first de-intercalation. When the electrode is 

charged at 3.91 V (corresponding to the onset phase transition voltage as shown in Fig. 3c), the average 

TSC current increases to 500∼700 nA on the (101"1) facet, which can be attributed to the de-intercalation 

of Li-ion from the topmost crystal grain. In another word, the TCS current was enhanced by the de-

intercalation of Li-ion resulted in the IMT (conductivity change) on the top region of the grains. When 

the electrode voltage was enhanced to 4.01 V, the average TSC current on the {101"1} facet was 

increased to 1100~1200 nA, which indicates that the initial O3-I phase with low conductivity is 

gradually changed as the O3-II phase with a higher conductivity. However, when the electrode voltage 

was enhanced to 4.19 V, the average TSC current was slightly decreased to about 950 nA. This is 

attributed to continuously growth of the insulative CEI during the charge processes [27, 29, 44]. Fig. 

4b shows the distribution of TSC current on (0003) crystal face for 3 de-intercalation states. At the 

beginning of the charging, the (0003) face shows a better conductivity on the grain boundary region, 
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which indicates that the IMT is formed primarily on the grain boundaries instead of the inner region. 

During the whole de-intercalation at each voltage, the conductivity difference between the (0003) inner 

facets and boundary regions can be distinguished. The slight decrease of TSC current on the boundary 

regions should also be attributed to the accumulation of surface passivation layers as discussed in the 

Fig. S4. Based on the these TSC current maps, the lithium concentration distribution in both (0003) and 

{101"1}-PO grains are depicted in Fig. 4c and d. The models show that the Li-poor regions with high 

electronic conductivity are the area detected by the higher TSC current. Figs. 4d and e show the TSC 

current as a function of the distance along M-N and O-P lines in Figs 4a and b, respectively. The “n” 

and “u” shape TSC current curves can be observed for the (101"1) and (0003) LCO crystal grains, which 

can be explained by the “Li-rich core” de-intercalation mechanism.  

Figs. 5a and b show two possible Li-ion de-intercalation processes which result in “Li-rich core” 

and “Li-poor core” regions in the LCO grain respectively. These processes occur when LCO cathode is 

delithiated. For the mechanism resulting in a “Li-rich core”, the first layer of Li-ions exposed to the 

outside are driven to migrate outwards. Once the first layer is removed, the next inner layer of Li-ions 

will also follow the same procedure and so forth. This results in the LCO grain to form Li-poor states 

around the surface region and Li-rich state at the core. In contrast, Fig. 5b displays “Li-poor core” 

regions due to a different type of lithium de-intercalation mechanism. Instead of the lithium layers 

migrating outwards each time, once the outmost layer is vacant, all other inner layers will move towards 

the surface, leaving behind an empty layer at the core. This keeps repeating until the core is in a Li-poor 

state and the surface is surrounded in Li-ions. 

Based on the “n” and “u” shapes observed from the TSC current curves for both LCO grains of 

(0003) and {101"1}, it can be concluded that the LCO grain resulting in “Li-rich core” from de-

intercalation mechanism is well suited to LCO crystal grain. For the {101"1} crystal grain, its Li-ion 

diffusion channel is about 78 degrees from the film surface, as shown in Fig. 5c, “Li-rich core” de-

intercalation mechanism makes the regions near the surface to keep at Li-poor states (high conductivity) 

during de-intercalation. This therefore explains why a high TSC current in the whole grain surface as 

shown in Fig. 4a. Similarly, for the (0003) grain in Fig. 5d, its Li-ion diffusion channel is parallel to 

film surface. “Li-rich core” de-intercalation mechanism makes the outer regions Li-poor and inner 
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regions Li-rich states. This observation is noticed during TSC current experiment, as high current is 

observed in outer region and low current in the inner regions as displayed in Fig. 4c.  

 

Fig. 5 (a) and (b) are the “Li-rich core” and “Li-poor core” model. The schematic illustrating the movement of Li 

ions during de-intercalation in an LCO crystal grain. The darker regions display Li-rich areas and lighter regions 

show Li-poor areas. (c) and (d) The cross-section schematic of Li-ions de-intercalation mechanism for (101"1) and 

(0003) single grain, respectively.  

Fig. 6a is the cycle performances of the (0003) and {101"1}-PO half-cells. From the figure, it can 

be seen that the initial charge capacity of the cell with {101"1}-PO cathode exceeds 140 mAh/g, and after 

70th charge and discharge cycles, it is still kept at around 110 mAh/g. The charge capacities of the cell 

with (0003)-PO cathode are around 121 mAh/g and 92 mAh/g at the 1st and 70th cycles, respectively. 

By comparison, it is found that the cell with {101"1}-PO cathode has 20% higher cycle capacity than 

that with (0003)-PO cathode. The sparse TSC current on the (0003) crystal grain surface in Fig. 4c, 

indicating the less conductive surface area, implies that the worse cycle capacity of the (0003)-PO 

electrode may not only attribute to its sluggish lithium diffusion dynamics, but also to the poor 

electronic conductivity of cathode film. The charge plateau is observed at around 3.92 V for the {101"1}-
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PO cell and at 3.98 V for the (0003)-PO cell in Fig. 6b. This difference should derive from the serious 

polarization of (0003)-PO electrodes, which results in the increase of inner resistivity of cell. An 

overshooting voltage caused by the electrode polarization can be observed on the 1st charge curve of 

the (0003)-PO cell which is consistent with the previous reports [43-45]. Furthermore, as shown in Fig. 

6c, the lower discharge voltage plateau of (0003)-PO cell observed on the discharge curves, also 

confirms its serious electrode polarization of the (0003)-PO cell. Consequently, the {101"1}-PO cell 

shows a much better rate performance than (0003)-PO cell, as seen in Fig. 6d.  

 

Fig. 6 (a) Galvanostatic cycling performances; (b) and (c) Charge and discharge voltage curves; (d) Rate 

performances of (0003)-PO and {101"1}-PO cells. (e) The surface work function of (0003)-PO and {101"1}-PO 

electrodes measured by KPFM. (f) Schematic energy diagram of the LCO/electrolyte interface. Φc is the work 

functions of a cathode. LUMO and HOMO are the lowest unoccupied molecular orbital and the highest occupied 

molecular orbital, respectively. EReduction and EOxidation are the reduction and oxidation potentials of the electrolyte, 

respectively.  
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Another difference in the electrochemical performance of the (0003) and {101"1}-PO electrode 

is the initial Coulombic efficiency. The {101"1}-PO cell shows unexpected lower initial Coulombic 

efficiency (80 %) compared to (0003)-PO cell (92 %). The lower Coulombic efficiency should normally 

attribute to the formation of thicker CEI induced by the irreversible electrolyte decomposition. 

However, in LCO composite-electrode, the CEI formation is not commonly observed within 3-4.2 V 

charge voltage range. Presumably, the CEI formation on LCO thin film cathode, especially the cathode 

with {101"1} faces, should be activated by the preferred exposed facets with different atom arrangements 

and surface electronic structure. The KPFM and X-ray photoelectronic spectroscopy (XPS) 

characterizations were employed to study the CEI on the electrode surfaces.  

From the thermodynamic point of view, it is supposed that when the chemical potential (Fermi 

energy EF) of LCO is below the electrolyte oxidation potential (-eEoxidation), LCO will oxidize the 

electrolyte with the formation of a passivation layer (CEI) on the cathode surface [29]. Fig. 6e shows 

the surface work functions (Φc) of the {101"1}-PO and (0003)-PO thin films before de-intercalation 

measured by the KPFM. The KPFM images and its detail calculation from contact potential difference 

(CPD) can be found in supplementary information(shown in Fig. S5). The Φc values of {101"1}-PO and 

(0003)-PO thin films are found to be about 5.44 eV and 5.20 eV, respectively. A larger work function 

value means a lower EF. Therefore, as shown in the energy diagram in Fig. 6f, compared with the (0003)-

PO electrode, the lower EF of {101"1} crystal faces have stronger thermodynamic driving force to grab 

the electrode from the electrolyte [47]. This means that the direct oxidation of the electrolyte on the 

electrode/electrolyte interface is more likely to occur on the {101"1} faces. Hence, a thicker CEI film 

may be formed on the {101"1}-PO electrode surface. 
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Fig. 7 (a, b) F1s, (c, d) O1s and (e, f) C1s XPS of (0003)-PO and {101"1}-PO thin film electrode after the first 

charge. The assignments of all peaks are summarized in Table S1 in the supplementary information. (g) and (h) 

The model and adsorption energy of a chain molecule on {101"1} and (0003) faces. 

 

Figs. 7 (a-f) show the XPS results of the (0003)-PO and {101"1}-PO thin film electrodes after the 

first charge. As shown in Figs. 7a and b, the observed two F1s peaks at 685 eV and 687 eV are attributed 

to the metal-F (LiF) and organic-F, respectively [48]. The fluorine arises from the degradation of 

ethylcarbonate (EC) activated by interactions with PF5 and LCO cathode surfaces [49]. The higher peak 

area ratio of organic-F/metal-F in {101"1}-PO electrode indicates more organic species (CXHYOZ) in its 

CEI. The O 1s spectra of as-prepared and soaked LCO thin film surface are provided in Fig. S6 (a). By 

comparison, as shown in the O 1s spectra in Figs. 7c and d, the three peaks of organic decomposition, 

including organic species (O-H, C-O and C=O), were detected after the first charge. Additionally, a 

higher intensity ratio of organic species in {101"1}-PO CEI can be found, which indicates that a stronger 

decomposition signal was formed in the cycled {101"1}-PO electrode surface than that in the (0003)-PO 

electrode. The different CEI thicknesses are evaluated by using the spectral weight of the lattice oxygen 

peak and the CEI related oxygen peaks according to the equation (1) in supplementary information. The 

estimated thicknesses are about 4.5 Å and 11.4 Å for the (0003) and {101"1}-PO, respectively.  In the 
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C1s spectra in Figs. 7e and f, the charged {101"1}-PO electrode shows a higher overall intensity of C1s 

peaks (C-OH, C–O, C=O, and O-C=O) than the (0003)-PO electrode. This further confirms the 

existence of organic decomposition on the charged electrode surface [50]. Moreover, the thicker 

electrolyte decomposition covered on the {101"1}-PO thin-film electrode surface will reduce the peak 

intensities of the Co and Li, as seen in Fig. S6 (b). In conclusion, the XPS characterizations indicate 

that: after the first charge, the CEI, also known as an electrolyte decomposition consisted of LiF and 

organic compounds (CXHYOZ), is formed on the electrode surface, and more organic species can be 

found in the CEI layer of {101"1}-PO electrode than that on the (0003)-PO one.  

The organic species in CEI detected by XPS should derive from the C-H bond scission in 

dimethyl carbonate (DMC) [24] and/or the ring open of EC [50] on the LCO surface. Then the 

decomposed solvent molecules undergo a series of chain reactions and convert to polymers/oligomers 

molecules which adsorbed at the electrode outmost-surface metal atoms and form the CEI [23, 30]. 

Therefore, the thickness and ingredients of the CEI layers are dominated by the electrode outmost-

surface atomic structure. To confirm the experimental observations, we constructed a simple CEI model 

consisted of a model chain molecule [23] adsorbed on the LiCoO2 (101"1) and (0001) surface slabs. The 

stability of the interfaces was evaluated from the calculated adsorption energies using first-principles 

calculations. As shown in Figs. 7g and h, the calculated adsorption energies are both negative for both 

LiCoO2 (101"1) and LiCoO2 (0001) surfaces, indicating that the adsorption process is thermodynamically 

favorable at Co sites for both crystal surfaces. In addition, the adsorption energy of the model chain 

molecule on the (101"1) surface is -2.64 eV, about 0.58 eV lower than that on the (0001) surface. The 

results indicate that the polymer/oligomer molecular adsorption and charge transfer are more likely to 

occur on {101"1}-PO electrodes with more negative adsorption energy. Therefore, the calculations 

unambiguously support that the electrolyte decomposition is more easily to be adsorbed and 

accumulated on the {101"1} crystal facets than that on the (0003) crystal facets.  

 

4. Conclusions 

In conclusion, the Li-ions migration was traced on a single crystal grain from both (0003) and 

{101$1} crystal facets by in situ CSAFM and two different electronic conductivity evolutions were 
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discovered and discussed based on the “lithium-rich core” model. During the in situ CSAFM tests, the 

TSC current on the boundary region of (0003) facet was increased to 103 times stronger than that on the 

inner region. While on the whole (101$1) facet, it was increasing uniformly. As a result, the {101$1}-PO 

thin film electrode has more conductive surface areas and shows smaller electrode polarization than 

(0003)-PO thin film electrode. This is beneficial for reducing the internal resistance of the battery. 

Moreover, an unexcepted lower initial Coulombic efficiency was found in the first cycle of {101$1}-PO 

electrode, which is caused by the formation of a thicker CEI film with  higher percentage of organic 

ingredients. The formation mechanism was interpreted as the larger surface work function value and 

more negative adsorption energy of electrolyte  decomposition on the {101$1} crystal facets. At last, 

this work suggests that the metal adsorption active sides on cathode surface may contribute to the 

adsorption and decomposition of electrolyte solvent molecules, which may reduce the decomposition 

voltage of electrolyte. Therefore, it is essential to carefully optimize the exposed crystal facets of high-

voltage cathode materials not only to promote the diffusion of lithium-ions,  but also to enhance the 

cathode surface stability.  
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