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Abstract 

As temperatures within the aero engine increase, oxidation will begin to have a greater 

effect on the high temperature materials. How this damage will affect the mechanical 

properties of the high pressure turbine rotor material i.e. nickel superalloy RR1000, 

must be understood. In this study an attempt was made to understand how the oxides 

form and the effect they will have on the fatigue performance of the alloy. Initial 

thermal exposures were undertaken under no-load and tensile and compressive loads 

in order to determine the variation in oxide characteristics. Subsequent thermal 

exposures were undertaken to determine the effect oxidation has on the fatigue lives 

of the nickel-based superalloy. The oxide morphologies were the same throughout, but 

the application of an external load caused increased reaction rates, with compressive 

loads causing greater rate increase than tensile. Methodologies were determined using 

forms of the Arrhenius relationship to numerically compare the oxidation reaction. 

Tensile and compressive oxidation asymmetry was believed to be related to the 

mechano-chemical nature of the reaction. The pre-fatigue thermal exposures initially 

caused a considerable reduction in the fatigue lives with increasing oxidation. 

However, the longest exposure time resulted in an S-N curve that lay between the 

shortest and mid length exposures. A range of analyses were undertaken to determine 

the presence of any relevant mechanisms that caused this unexpected life 

improvement. It was found that few of the mechanisms investigated were likely to 

have an effect on the change in life. The exceptions were; reduction in dislocation 

movement and crack deflection as a result of a recrystallised zone at the surface, 

changes in the tertiary γ’ size, variation in hardness of different regions due to a γ’ 

depleted plastic zone and a hard ceramic oxide, and reduced initiations due to the 

presence of a ‘healing’ chromium oxide scale. Notch fatigue tests were performed to 

determine the importance of the findings to components in service and it was found 

that the notch acted as the cause of crack initiation, effectively mitigating against the 

effects of the oxidation damage.  
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1 Introduction 

As the requirements of the jet engine have evolved, the functionality required from 

critical rotating disc components has increased. Application specific, nickel based 

superalloys have been developed to fill this need [1]; RR1000, a Rolls Royce plc. (RR) 

designed powder metallurgy nickel based superalloy, is currently used in RR turbofan 

jet engines as a turbine disc material.  

As turbine entry temperatures are increasing in a continuing battle to improve the 

operational efficiencies of the aero-engine, high temperature damage mechanisms are 

becoming of greater significance. One of these damage mechanisms is oxidation, the 

reaction that will occur through increasing the oxidation state of the material by 

formation of metallic oxide compounds.  

It is the aim of this study to better understand the morphology and rates of formation 

of the oxidation products of the alloy across a range of temperatures and surface 

conditions. A model is sought that will aid in quantifying the oxidation damage 

mechanism, in order that it can be compared across variants of the alloy and any 

number of other alloys. 

Following from this, it was hoped to gain a more comprehensive understanding of 

complex mechanism of thermo-mechanical oxidation; how applied stress in both the 

compressive and tensile regimes affects the oxidation characteristics. This is a more 

accurate representation of the oxidation conditions of the alloy in service. An attempt 

to quantify the effect of the thermo-mechanical oxidation reaction is undertaken 

alongside the thermal exposure methodology for direct comparison. 

Finally, a scheme of work was sought that would enable for an initial understanding 

into the influence oxidation damage produces on the fatigue lives of the material, 

encompassing different test methods and analytical techniques to understand the 

significance of any outcomes.  

For the ease of the reader, the study has been split into two main sections; that 

dedicated to the oxidation study and that to the fatigue testing programme. Literature 

reviews, experimental methods and results/ discussions have been undertaken for each 

section separately, in order that the study is more coherent. A short initial study was 
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also performed into the aero-engine to better appreciate the reasoning behind the 

research, and also the alloy composition and processing in order to better comprehend 

the various outcomes that will be derived in the analysis. A common discussion and 

conclusions section has then been performed, drawing all threads together. 
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2 Literature Review 

2.1 The Aero Engine 

The gas turbine is simply a heat engine that is used to convert chemical to rotational 

kinetic energy, which can then provide useful work; in the case of the aircraft engine 

gas turbine, this useful work is thrust. The gas turbine operates on the same cycle as 

any heat engine; intake, compression, combustion and expansion. In a simple turbojet 

engine, like that shown in Figure 1, air is drawn in through the intake, compressed in 

the compressor through a number of stages, before entering the combustion chamber. 

Fuel is then added and the mixture is burned, forcing the mixture with high energy 

through the turbine section and out through the exhaust. The high energy exhaust is 

what provides the engine with thrust; the turbine section uses energy from the exhaust 

stream to rotate the shaft, providing energy for the compression process.  

 

 

Figure 1: Turbojet Engine [2] 

 

There are many different types of aero engine, but they all operate on the same basic 

principle as the turbojet. As a general rule the turbojet is used for military jet 

propulsion aircraft, turboprops are used for propeller driven aircraft and turboshaft 

engines are used for helicopters, marine propulsion and industrial power generation, 

and the turbo fan is used for large commercial aircraft (although true for most cases 

there are some exceptions). The turbofan is the engine of most importance to the 
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project as the material being investigated is only in use in large commercial turbofan 

engines. 

 

2.1.1 Turbofan 

A turbofan engine can be thought of as a turbojet engine at the core, with a ducted fan 

unit, usually located at the fore section of the engine, with the addition of an air bypass 

section, which will usually surround the core as shown in Figure 2. 

 

 

Figure 2: Turbofan Engine [3] 

 

The fan will usually be driven by the low pressure turbine and will increase the velocity 

of the air entering the engine; it can be considered a low pressure compressor stage. A 

substantial amount of the fan air will not pass through the core of the engine but will 

be directed, with increased velocity through the bypass section, directly to and 

increasing the thrust of the jet stream [4]. The current Trent 1000 engine has a bypass 

ratio of between 10.8 and 11; this will improve specific fuel consumption and 

propulsive efficiency. However, this bypass increases the size of the engine, and the 

manoeuvrability is decreased in comparison to that of a turbojet.   
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2.1.2 Turbine Discs 

The turbine disc is a component used to “locate and retain the rotating blades enabling 

the circumferential force produced by them to be transmitted to the compressor 

through the central shafts” [5]. The turbine disc will experience a range of temperatures 

and stresses; at the bore it is approximately 300°C with high stresses, and at the rim it 

will experience high temperatures and relatively low stresses. These differences will 

create stress and thermal gradients across the disc [6]. It is categorised as a critical 

component, as its failure would likely lead to loss of life. 

The original design for the turbine disc was optimised for high burst strengths, as it 

was believed that this was the key requirement; however, the design is now based more 

on fatigue damage tolerance and extending creep life [1]. Aircraft engines are designed 

so that if a component was to become loose it would, where possible, be contained 

within the engine casing, minimising the potential for damage to the fuselage. 

However, due to the mass and angular momentum experienced by the rotating disc, 

this containment is not possible; this results in the need for a very reliable component. 

With the requirement for safety also comes the need for precision manufacturing to 

produce the disc to tight tolerances to reduce gaps where possible and minimise 

friction; this is especially important at the fir tree route fittings, where the turbine blade 

attaches to the disc, i.e. ±10µm. These factors combined, make the design of the 

turbine disc a complex and important task. 

In many gas turbine engines for commercial and military aircraft, the turbine disc will 

be made from one of a large range of nickel-base superalloys, which have been 

developed specifically for the high-strength, complex mechanical properties required. 

Many methods have been developed to produce the best mechanical properties from; 

the alloying combination, advanced alloying methods such as powder metallurgy, and 

processing such as hot isostatic pressing and shot peening. The combination of new 

methods for heat treatments & processing, and complex combinations of elements in 

the alloys has allowed for an increase in rotational speeds and higher turbine entry 

temperatures (TETs), leading to greater operational efficiencies. However, with the 

constant requirement for greater efficiency, the mechanical properties of these 

materials need to be continuously investigated for their applicability for greater 
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stresses and temperatures. If the existing materials are found to be unsuitable, a new 

alloy or novel processing method may be required.  
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2.2 Nickel and its Alloys 

Nickel (Ni) is a metal that forms the base of many of the superalloys currently utilised 

by the aerospace industry [7]. Nickel based alloys are common in many industries for 

a wide range of applications. Nickel has a face centred cubic (FCC) crystalline 

structure, which is a close packed cubic structure meaning it will form strong, ductile 

materials [8]. Primarily nickel atoms with small additions of γ forming elements form 

a disordered FCC γ matrix; this is the name for the continuous FCC austenitic phase 

[9], the structure of which can be seen in Figure 3. The diagram is simplified and states 

only Ni and Al, however, any of the γ forming elements can be randomly arranged 

throughout the structure. It is a dense alloy system compared to many of the alloys 

used within the aero engine, at approximately 8900kg/m3 at room temperature, 

dropping to approximately 8300 kg/m3 at its melting point at approximately 1450°C. 

Nickel is resistant to corrosion in comparison to other aerospace metals; however 

oxidation is rapid at high temperatures. The preferential formation of a protective 

oxide film layer on the surface, which limits further oxidation, provides a great 

advantage to its use at these high temperatures. Of fundamental importance to its use 

throughout the materials science industry, nickel will form alloys readily.  

 

 

Figure 3: Crystal structure of the FCC γ phase [10] 
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Nickel is often alloyed with chromium, cobalt, molybdenum, aluminium, titanium and 

many other elements [11]. As with any alloying, it is the aim to produce a material 

suitable for a specific task. The nickel components in an aero engine require corrosion 

resistance, creep resistance, good ductility and high strength and hardness properties. 

This can be achieved in several ways including; solid solution strengthening, 

precipitation hardening and grain size control; these can all be achieved through 

alloying. The cobalt, molybdenum and tungsten provide the solid solution 

strengthening, the aluminium and titanium provide the precipitation hardening in the 

form of a γ' phase, with carbon and boron increasing strength and ductility through the 

formation of carbides and borides [12]. It is a very complex process to design a new 

alloy; an element may be added for certain properties, but other characteristics may be 

unfavourable e.g. titanium is used to increase hardness, but oxidises rapidly at high 

temperatures leading to embrittlement [13]. The name superalloys given to these alloy 

systems was earned due to their impressive creep performance at high temperatures 

and their ability to maintain their strength and operate in conditions close to their 

melting temperature. The impressive creep properties of different forms and variants 

of the superalloys can be seen in Figure 4, indicating the improvement of the alloys 

over time through alloying and processing methods. 
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Figure 4: Progressive improvements in temperature capabilities of the superalloys [14] 

 

2.2.1 RR1000 

RR1000 is a Ni-based superalloy that was designed for application as a high-pressure 

turbine disc material to meet the requirements of the Trent 1000 engine, which was 

developed for use on the Boeing 787 aircraft. The increasing turbine entry temperature 

(TET) and rotational stresses of these new engines determined the need for a new alloy 

that could withstand these challenging conditions.  

RR1000 is a powder metallurgy alloy that is formed using forging and heat treatments, 

and is utilised in both a fine (5-10µm) or coarse grain (32-45µm) structure [15]–[17]. 

These different microstructures will provide very different properties; coarse grain for 

enhanced creep resistance and fine grain for improved fatigue life. Dual microstructure 
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turbine disks are currently in operation, with finer grain near the disc bore and coarse 

grains at the rim. The alloy contains a high volume fraction of the γ' phase in 3 forms; 

primary, secondary and tertiary, all of which improve the alloy’s mechanical properties 

in different ways. It is an extremely important contributor to the strength and hardness 

of RR1000.  

The chemical composition of RR1000 can be seen in Table 1. 

 
Table 1: Composition of RR1000 in wt. % 

Ni Cr Co Mo Al Ti Ta Hf Zr C B 

Bal. 15.0 18.5 5.0 3.0 3.6 2.0 0.5 0.06 0.027 0.015 

 

Each element is added as it is believed that it will provide an advantageous 

characteristic to the alloy; 

 Nickel: forms the gamma matrix. 

Chromium: Added for oxidation resistance properties and will form 

strengthening carbides. 

 Cobalt: Gamma matrix stabiliser and has good high temperature properties 

Molybdenum: Good high temperature properties as it has a high melting 

temperature and will form carbides  

 Aluminium: Gamma prime former 

Titanium: Gamma prime and carbide forming element 

Tantalum: Gamma prime and carbide forming element.  

Hafnium: Carbide former 

Zirconium: Good high temperature properties due to its high melting 

temperature 

Carbon: Good high temperature properties and base element of carbides. 

Boron: Good high temperature properties and base element of borides 
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2.2.1.1 γ' (Gamma prime) 

γ' is a precipitate phase coherent within the alloy’s γ matrix, as it has a very similar 

crystal structure, as shown in Figure 5.  

 

 

Figure 5: Ordered crystal structure of the FCC γ’ phase [10] 

 

A list of the γ’ volume fractions of a number of nickel superalloys can be seen in Table 

2, taken from research by Mitchell et al. (2004) [18], Jahangiri et al. (2012) [19] and 

Reed [11]. 

 
Table 2: γ' volume fractions for a number of nickel based superalloys 

Alloy Nimonic 

105 

IN939 RR1000 U720 CMSX-

4 

Approx. γ’ 

volume fraction 
45% 35% 47% 47% 70% 

 

It is rich in elements such as titanium and aluminium and is the principal strengthening 

phase in Ni-based superalloys and has the form [Ni3(Ti,Al)] [20]. The distribution, size 
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and volume fraction of γ' precipitates will directly impact the mechanical properties of 

an alloy [17]. The yield strength is a function of the inter-particle distance [21]; a 

volume fraction close to 50% will produce “excellent fatigue performance and damage 

tolerance, and good creep resistance” [22], which is why it is favoured for polycrystals 

and 70% produces favourable creep properties such as those needed in single crystals 

e.g. CMSX-4. The strengthening mechanism is derived from the interactions of 

dislocations within the material and the precipitate particles [21]. The primary γ' is the 

largest of the γ' precipitates (1-2µm) and is present in the alloy before the sub γ'-solvus 

heat treatment; they are commonly found at the grain boundaries, but can also 

sometimes be found within the grains. The grain boundary precipitates will restrict the 

grain growth to a fine grain size; when producing the RR1000 alloy with a coarse grain 

size, the material is heated above the γ' solvus to remove the restrictive primary γ' 

precipitates allowing the grains to continue growing through the heat treatment and 

cooling processes. The secondary and tertiary γ' precipitates are smaller than the 

primary at approximately 100-500nm and less than 50nm respectively and are 

stabilized during post forging heat treatments; they are only found within the grains 

[18], [23]. A micrograph of the forms of γ’ that will be present in RR1000 can be seen 

in Figure 6. 
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Figure 6: Gamma prime distributions in RR1000 where; P is primary, S is secondary and T is 

tertiary [17] 

 

The γ' size and shape within the alloy is related to the post heat treatment cooling rate; 

initially the primary will form at the grain boundaries, subsequently the secondary γ' 

will form in the matrix within the grains, and finally with the tertiary γ' forming late in 

the cooling sequence, with an aging process to control the particle size for optimal 

mechanical properties [18]. The size and shape evolution of the γ’ particles can be seen 

in Figure 7, which is a graphic used by Reed [11] based on research by Ricks [24]. 
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Figure 7: Diagram of evolution of γ' particles (left) <111> projection (right) <001>         

projection [11] 
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2.2.1.2 Carbide and Boride Phases 

Similar to many other nickel based superalloys, RR1000 contains carbide and boride 

phases [25], [26]. The role of carbides and borides in nickel superalloys is 

controversial, however, it is now widely accepted that carbon and boron additions do 

improve the creep properties of the superalloys [11]. This is because they will 

primarily form at the grain boundaries of the γ matrix, inhibiting grain boundary 

sliding. Carbides and borides can be in the form MC, M6C, M23C6 and M5B3, where 

M represents a metal; commonly chromium, hafnium, molybdenum, titanium and 

tantalum. The grain boundary carbides and borides in the nickel superalloy IN792 can 

be seen in Figure 8. 

 

 

Figure 8: Carbides and borides in nickel based superalloy IN792 [27] 

 

2.2.1.3 Mechanical Processing 

The mechanical processing of RR1000 has developed beyond the conventional cast 

and wrought approach that was used extensively for other nickel based alloys for 

turbine disc applications, such as alloy 720Li. Due to difficulties in material 

processing; a powder metallurgy method has been adopted. The process route for the 

powder metallurgy process is described in Figure 9. 
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Figure 9: Processing route for powder metallurgy alloys [28] 
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The elements of the alloy are melted through the process of vacuum induction melting. 

The melting is performed under vacuum due to the reactivity of the metals. Vacuum 

induction melting is the preferred method of vacuum melting as it offers more control 

of the alloying composition and homogeneity [29]. The powder is then produced via 

atomisation: metal is heated to a molten state, broken up into small droplets and then 

solidified rapidly before they can recombine [30], using argon gas atomisation. High 

velocity argon gas is forced through a stream of molten metal breaking it up into small 

spheres and solidifying it; argon is used as it is extremely unreactive.  

The powder then passes through a number of processes to prepare it for forging. 

Firstly, the powder is screened to ensure powder particles of approximately the same 

size are used in the billet forming. The particle size will have a massive effect on the 

processing and the final product. The powder is then blended, which aims at achieving 

uniform size and shape distribution of the particles within the powder. Next the powder 

is loaded into a container (canned), taking care to maintain the homogeneity of the 

powder, and the container is then degassed to remove absorbed gases and water 

vapour. The powder goes through the process of hot isostatic pressing (HIPing). 

During this stage the metal powder, is compressed using an inert gas at high pressure 

and high temperature. This forms the powder into a solid, ready for the extrusion 

process. The extrusion process is used to create billets of uniform diameter and length 

ready for forging.  

This process route is used for the turbine discs as it is possible to achieve greater 

proportions of alloying additions, while avoiding the hot workability and segregation 

problems often associated with high alloy contents [31]. The alloys produced have a 

much greater likelihood of having an isotropic structure throughout the billet and 

therefore throughout the final component.  

Turbine disc components have complex geometries and specialised microstructures. 

The forging processes to form them are multistage impacts using various closed dye 

preforms. Forging is a mechanical manufacturing process during which a material is 

shaped by the application of local compressive forces applied by another material, 

known as a hammer or a dye. The forging process will produce components with high 

strength compared to those formed through other manufacturing routes. Hot-forging is 

the processing route preferred for the formation of the turbine discs. The main 
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advantages provided by hot-forging are; the resultant reduction in porosity due to the 

compression, and the reduction or possible elimination of inclusions by their break-up 

and redistribution throughout the component [32]. The forgings are also preferable 

because they produce near net shape components, that require little or no machining 

[33]. 

The forging process can be optimised for a specific component. The variables defined 

for the process will alter the grain structure of the component; if these variables are 

optimised, a preferential structure can be formed.  

Once the component is in its final geometry, shot peening is undertaken. Shot peening 

is a cold working process by which the surface of a component is work-hardened 

through the repeated impact of small metal spheres. The shot peening process is 

described in Figure 10. 

 

 



   

19 

 

 

Figure 10: (top) the shot peening process (bottom) the plastic deformation made by shot  

peening [34] 

 

After common machining processes it is likely that tensile residual stresses will remain 

at the surface; this residual stress will work to effectively raise the tensile loads 

experienced by a component. By applying a small compressive stress layer at the 

surface, these effects are mitigated, and the effects of initial tensile loading is further 

reduced [35], [36]. The compressive residual stress also acts to close microcracks from 

the surface and stop them from propagating. The overall result is a reduction in the 

rate of fatigue crack initiation.  

 



   

20 

 

These are a number of parameters that will affect the peening process [37]: 

1. Component geometry 

2. Material properties 

3. Shot properties 

a. Size 

b. Velocity 

c. Angle of impingement 

d. Distance of nozzle from the surface 

e. Hardness of the shot (equal to or greater hardness than the 

material being peened) 

4. Peening process parameters 

a. Coverage (ratio of peened surface to total area surface area) 

b. Intensity (represents the intensity of the peening and measured 

in Almen) 

 

The current peening procedure used for the RR1000 turbine discs is: 110H/ 125-200%/ 

6-8A where; the 110H is a measure of the hardness of the shot with a 125-200% 

coverage required at an intensity of 6-8A.  
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2.3 Oxidation 

Practically all alloys of interest to the engineering and technology disciplines oxidise 

and corrode at elevated temperatures. However, the nature of reaction products and 

rates vary widely for different materials. The first work which expressly investigates 

high temperature oxidation is that of Tamman in 1920 [38]. It is highly desirable to be 

able to predict the forms and rates of oxidation and corrosion, and to do that it is vital 

to understand their mechanisms through investigation. Commonly this is in a 

laboratory environment, based on the operating conditions of components in service. 

The term oxidation is used to describe any reaction that results in an increase in the 

oxidation state of a metal caused by the formation of an oxide compound, and is often 

referred to as dry corrosion or tarnishing. Oxidation at high temperatures can form 

molten or chemically unstable layers; however, more commonly it will form a non-

metallic (ceramic) scale layer on the surface, which will prevent further oxidation by 

separating the material from the reactive gas [39]. 

Oxidation reactions can be thought of as occurring in three distinct phases. Initially, 

rapid oxidation reactions will occur with all alloy elements in contact with the gas 

(component surface) simultaneously. Subsequently, more thermodynamically stable 

oxide compounds will form replacing the less stable compounds that have already 

formed. Finally, a state of near equilibrium will be approached resulting in an effective 

steady state reaction. Alloys that have obtained wide use in the damaging high 

temperature environments are those that show lengthy periods of a slow steady state 

reaction. 

Due to the complexities of the oxidation reaction and its effect on real world 

applications, a multidisciplinary approach is required. Materials science, chemistry 

and physical metallurgy provide the tools requisite to understand the reaction i.e. 

chemical kinetics, oxide properties and their effect on alloy phase constituents. 

Specific attention must be placed on the understanding of defect based diffusion 

mechanisms in polycrystalline materials. Equally, the effect of structural and 

compositional variations on the mechanical properties of different materials must be 

understood as it could play a pivotal role in the life of components. 
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In recent years there has been a remarkable increase in published research regarding 

high temperature corrosion. The understanding of oxide grain boundary diffusion has 

improved and the nature of chromium oxide and aluminium oxide scales and their 

ability to protect alloys from extensive oxidation is being developed. 

The rate, extent and method of oxidation of a material are related to a number of factors 

including; the ability of the oxide to maintain a protective barrier, surface condition of 

the component, operating temperature and the time at temperature [40]–[48]. It has 

been found that the overall effects of oxidation on the life of the alloy RR1000 are 

detrimental, and have the potential to greatly reduce the life of a component [49], [50]. 

In this section, a review has been undertaken into the literature surrounding the areas 

of importance to an oxidation analysis. Firstly the oxidation reaction has been 

discussed, with care taken to understand the oxidation mechanisms. Secondly an 

understanding of the oxides that form during oxidation reactions and their ability to 

protect from further damage has been developed. Next, the methods of oxidation 

damage measurement have been evaluated in an effort to determine the best 

quantitative method to be used throughout this analysis. It was also deemed important 

to understand the effect of some basic properties on the oxidation rates of various alloy 

systems, therefore, surface condition, temperature and grain size were investigated. 

Penultimately, effort was made to determine any existing methods of comparing 

oxidation between different alloys. Finally a search was conducted to determine any 

work investigating thermo-mechanical oxidation; the effect of the addition of 

mechanical stress on the rate of oxidation. 
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2.3.1 Oxidation Reaction 

Metal oxides will form according to Equation 1 [14]: 

 

 𝑥

𝑦
𝑀 +

1

2
𝑂2 =

1

𝑦
𝑀𝑥𝑂𝑦 1 

 

Where: 

 M = reacting metal cations 

 O = oxygen anions 

 

As such, for a reaction to occur, the metallic cations and oxide anions must come into 

contact. The processes will occur in three stages; the name of the reaction stage is the 

rate controlling factor during that phase of the process [51]: 

1. Adsorption & nucleation 

2. Thin film mechanism 

3. Diffusion 

 

To begin the reaction, oxygen gas must be chemisorbed onto the metal surface until 

an invisibly thin oxygen layer is formed. Oxygen will then dissolve into the substrate 

and the metallic oxides will nucleate, expanding laterally. The oxide nuclei will most 

likely originate at structural defects such as grain boundaries, impurities and 

dislocations due to their increased disorder [52]. The oxide islands that form from the 

nuclei will grow rapidly by surface diffusion of adsorbed oxygen until a thin film is 

formed. The oxidation rate then drops abruptly. 

As per its name, the scale thickness during the thin film mechanism phase will be very 

small. There are many different theories suggesting how oxides grow, generally based 

around the Cabrera-Mott theory which applies for films up to 10nm thick. It suggests 

that electrons from the metal pass easily through the film by quantum tunnelling to 

reach the adsorbed oxygen at the oxide to gas interface and form oxygen anions. The 

electric field is strong enough to pull metallic cations through the film. The rate 

controlling step for this mechanism is the transfer of cations. As the film grows thicker 
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the field strength decreases and the mechanism changes to the diffusion stage [14], 

[52]. 

The final stage of the oxidation process will dominate once the thin film has thickened 

to the point where the thin film mechanism no longer dominates. Diffusion is the 

movement of atoms from an area of high concentration to an area of low concentration; 

diffusion in metals is described by Fick’s laws. The rate of the oxidation reaction 

during this stage will be regulated by the ability of the oxide scale to impede the 

diffusion of oxygen into and the metal ions out of the substrate. A schematic of the 

growing oxide scale described by Young, 2016 [14] is shown in Figure 11. 

 

 

Figure 11: Reaction and transport process in the formation of the oxide scale [14] 
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The stages of scale growth are: 

1. Oxidant delivery to the surface / gas interface. 

2. Integration of the oxygen into the oxide scale. 

3. Transport of the reacting metal to the substrate / scale interface. 

4. Assimilation of the metal into the oxide scale. 

5. Transfer of the metal and oxygen ions through the scale. 

On an atomistic scale, the diffusion of the ions will be mediated by the presence of 

defects in the crystalline state. It should be noted that diffusion will be occurring 

constantly, even in pure metals, however, without a concentration gradient the net flow 

of the atoms is effectively zero. 

The mechanism that will have the most effect on the rate of oxidation damage through 

the lifetime of most components will be solid-state diffusion [14], [53]; at this point 

the rate controlling factor will be the rate of solid-state diffusion through the oxide 

scale. Metal and oxygen ions will travel through the oxide layer to the oxide / gas 

interface and into the metal substrate from the oxide metal interface respectively. 

There are a number of diffusion mechanisms, the most common of which is a form of 

substitutional diffusion called vacancy diffusion. There are always a large number of 

vacancies in metallic crystal lattices and the jump distances are short making vacancy 

movement relatively easy. The mechanism of vacancy diffusion is presented in Figure 

12. 
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Figure 12: Vacancy diffusion mechanism [54] 

 

For vacancy diffusion to occur the activation energy barrier must be overcome. A 

description of the role of activation energy in vacancy diffusion can be seen in Figure 

13. 
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Figure 13: Activation energy barrier for vacancy diffusion (a) atomic movement correlated to 

(b) the free energy during the movement [55] 

 

In the unlikely condition of only few vacancies being present in a material structure, 

they can be formed by a number of methods, including dislocation movement and pair 

annihilation, which will be caused by mechanical and thermal stresses in the material 

[56]. 

The method of diffusion for smaller atoms will often be through interstitial diffusion, 

meaning the atoms locate in the interstice between the larger atoms. Interstitial 

diffusion occurs though the movement of atoms between interstices sites with little 

displacement of the atoms in the crystal lattice. This will likely be the diffusion route 

for the oxygen ions as they would be sufficiently small compared to the metal ions 

[14], [54], [55], the mechanism of interstitial diffusion can be seen in Figure 14. 
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Figure 14: Interstitial diffusion mechanism [54] 

 

Similar to the vacancy diffusion mechanism, the activation energy barrier must be 

overcome in order for interstitial diffusion to occur, as shown in Figure 15.  

 

 

Figure 15: Activation energy barrier for interstitial diffusion (a) atomic movement correlated to 

(b) the free energy during the movement [55] 



   

29 

 

The activation energy barrier for diffusion of interstitial diffusion will be smaller than 

that of vacancy diffusion, because the atoms are smaller and will therefore require less 

distortion of the crystal lattice to jump to new locations. 

The diffusion of atoms along ‘short circuits’ in a material, e.g. grain boundaries and 

phase boundaries is known a short-circuit diffusion. The reason that the activation 

energy of short-circuit diffusion is lower than lattice diffusion relates to the more 

disordered structures of the grain boundaries and line defects. A diagram showing the 

different types of short circuits in a polycrystalline material can be seen in Figure 16. 

 

 

Figure 16: Schematic showing short-circuit paths in polycrystalline material [57] 

 

Where: 

 ρ is a dislocation line defect (pipe diffusion) 

 ABCD represent grain boundaries (grain boundary diffusion) 

 α & β show a phase boundary 
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Figure 17: Experimental data on diffusion rates in Ag [57]: Vacancy diffusion – Dv [58], Dd – 

dislocation diffusion [59], Dgb – grain boundary diffusion [59], Ds – surface diffusion in vacuum 

[60] 

 

There have also been a great many supporting studies describing the process of how 

short circuit transport occurs for anion and cation species [61]–[66], which supplement 

the work shown in Figure 17. 

The reduction in energy of diffusion at grain boundaries explains why the oxidation 

processes in a wide variety of alloys commonly form oxides which penetrate the 

substrate along the grain boundaries as can be seen by the micrographs in Figure 18. 
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Figure 18: Oxide fingers formed in a number of alloys (a) Rene 80 [67] (b) V207J [68] (c) 

Refractory austenitic steel [69] (d) Mo50W20Si15B15 alloy [70] (e) RR1000 [71]                         

(f) Croffer 22 [72] 

 

It has been found that the grain sizes within the oxide scale can be very small [14]; 

however, it can vary greatly depending on composition and temperature of formation 

from sub-micron to tens of microns in diameter [73]. The sensitivity of the relationship 

between oxide scale size and time and temperature can be clearly seen in Figure 19. 

a b 

c d 

e f 
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Figure 19: Average grain size in nickel oxide scales against time [74] 

 

At lower temperatures (<800°C) the grain size of the scale will likely be smaller than 

that of the substrate meaning that short-circuit diffusion will be a driver of diffusion 

through the scale. However, given the larger substrate grain size in this case, there will 

likely be a mixed mode diffusion overall between atomic movement along lattice 

vacancies and along short-circuits; the effects of the vacancy diffusion mechanisms 

will have a dramatic increase in contribution at higher temperatures, as is indicated by 

Figure 17. 

It was found that Σ3 boundaries have no effect on the oxidation rate, as they showed 

similar oxidation behaviours as the intra-granular region [75], which is an important 

consideration given the high volume of Σ3 boundaries found in the superalloys. 
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2.3.2 Pilling Bedworth Ratio 

The mechanical properties of surface oxides are important as components in service 

may undergo damage from scratching, abrasion or most likely deformation due to 

loading. The ideal oxide scale would have high compressive strength, minimal 

epitaxial misfit, similar thermal expansion values and good adhesion to the underlying 

alloy in order to minimise spallation [76], [77]. Spallation is the process by which the 

oxide scale will break away from the surface of a larger solid body and can be produced 

by a variety of mechanisms, including impact, excessive corrosion, cavitation or 

weathering. 

The ability of the scale to protect from further oxidation of the metal and avoid 

spallation is related to the ratio of volumes of metal to oxide; this is termed the Pilling 

Bedworth ratio [78]. If the ratio is lower than 1 the layer will be porous, and if the ratio 

is greater than 2, the oxide film can crack and flake off. Either of these cases will result 

in an unprotected surface, which will allow further oxidation of the metal. The ideal 

value for the ratio is between 1 and 2, where the properties of the base metal are similar 

to the properties of the oxide layer [79]. A graphical representation of the PB ratio can 

be seen in Figure 20. 
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Figure 20: Schematic showing the relation between the PB ratio and the ability of a scale to 

prevent corrosion [80] 

 

The Piling Bedworth values of some of the main oxide formers of RR1000 and other 

common metal oxides can be seen in Figure 21. 
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Figure 21: Pilling-Bedworth ratio of several metals and their oxides [81] 

 

There are a number of other factors that also affect the resistance provided by the film 

including; the level of film adherence, the thermal expansion coefficients for the 2 

materials, and the mechanical properties of the oxide scale, meaning that the Piling 

Bedworth ratio is not the only consideration when determining the spallation risk of 

an alloy. 
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2.3.3 Oxide Growth in RR1000 

Oxidation resistance can be increased in an alloy by the addition of elements that 

produce protective preferential oxide layers, such as chromium and aluminium that are 

used in a wide variety of alloys. For the nickel based superalloys, un-alloyed nickel 

will itself form a semi-protective nickel oxide scale when exposed to an oxidising gas; 

however, when alloyed, chromium oxide and aluminium oxide will commonly form 

preferentially to nickel oxide [7]. Different combinations of the oxidising elements 

will alter the oxide growth kinetics; however, generally they will result in a net 

reduction in the overall rate of oxide formation [45].  

There has been some initial investigation into certain aspects of the oxidation of coarse 

and fine grain RR1000, primarily by Cruchley [45], [46], [49], [82], [83] and Foss 

[43], [84]. The research was focussed around the determination of the oxides present 

in the alloys and the way different elements affect the oxidation characteristics. 

Broadly speaking work has focussed on the coarse grain variants of the alloy with 

initial investigation undertaken into the oxidation characteristics of the fine grain 

variant such as; oxygen diffusivity determinations and some basic characterisation of 

the oxidation damage under thermal exposure and thermo-mechanical (compressive 

and tensile loads) conducted in a high partial pressure oxygen environment. Utilising 

a high partial pressure of oxygen will mean a great deal of results can be produced 

quickly; however, it will be less representative of the operating condition of the alloy 

in service. 

Figure 22 is a diagram by Foss [84] based on his initial research into coarse grain 

RR1000 showing the features expected when inspecting oxidised RR1000.  
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Figure 22: Representation of a micrograph showing predicted oxidation morphology [84] 

 

It is possible that not all the characteristics shown would be present for all oxidised 

samples; however, most would be expected [84].  

It is important to have an understanding of the various oxides that will form within 

RR1000; the protective oxides, the damaging oxides and those that have no apparent 

effect. 
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2.3.3.1 The Protective Oxides 

Chromium and aluminium are used in many alloys for their ability to protect from 

extensive oxidation. The choice of these elements is based on the slow rate, at which 

their oxides form, and their chemical stability, which are significantly more favourable 

than iron, nickel and cobalt; their oxides will form preferentially to other alloying 

elements if kinetically possible. Silicon has also found some use and is widely 

available; however, due to the toughness and weldability reductions that come with 

the addition of useful volumes of silicon, it is often avoided.  

The chromium oxide forms as a continuous scale layer on the surface of the alloy and 

provides a barrier, greatly reducing the rate of oxygen diffusion into the substrate, [45]. 

The scale has a very good adherence to the alloy and will likely stay attached to the 

alloy throughout thermal expansion and contraction. It is formed from the diffusion of 

chromium from M23C6 grain boundary carbides [85], [86], which will result in the 

deepest oxidation related damage that can be observed in RR1000, grain boundary 

carbide depletion. The depletion will lead to a reduction in the creep strength of the 

material [86] and can act as preferential crack initiation sites. An EDS map of a 

chromium oxide layer formed in coarse grain RR1000 variant can be in seen Figure 

23. 

 

 

Figure 23: (left) EDS of the chromium oxide scale (right) corresponding micrograph [45] 

 

Under conditions when an alloy element is selectively oxidised, but cannot reach the 

surface rapidly enough to form the scale, it will form an internal oxide. Internal 
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oxidation may occur as a result of the depletion of the primary oxidising element, or if 

multiple oxidation reactions take place simultaneously [87], as is the case with 

RR1000. A great deal of research has been conducted to determine the method of the 

internal oxidation reaction mechanism [88]–[90]. 

The aluminium oxide can form as a continuous layer with intergranular fingers or as 

intragranular islands [49], [82], [91], [92]. Aluminium oxide is the most protective and 

stable of the commonly utilised oxidation protection elements [93]. Aluminium oxide 

has favourable characteristics in preventing further oxidation as it forms a strong 

coherence to the substrate and reduces oxygen diffusion further into the substrate. The 

formation of aluminium oxide will lead to a ‘γ' depleted zone’ [45], [49], [82], [86], 

which will result in un-restricted grain growth, reduce the creep resistance of the 

material near the surface and reduced the hardness. Due to higher activation energy 

for diffusion of aluminium than chromium, aluminium oxide growth is more 

dependent on the presence of impurities than chromium oxide, meaning there is a 

greater amount of variation in the extent of formation of the aluminium oxides in 

operation [93]. An EDS map of the aluminium oxide layer and fingers formed in coarse 

grain RR1000 is pictured in Figure 24. The area of lower aluminium concentration 

below the aluminium fingers is indicative of the γ' depletion. 

 

 

Figure 24: (left) EDS of the aluminium oxide (right) corresponding micrograph [45] 
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2.3.3.2 Other Oxides 

Many of the other oxides that form in nickel based superalloys have a less favourable 

effect on the oxidation resistance of the material. Their inclusion in the alloys is based 

on other specific functions, and they cannot therefore be avoided. It is important to 

consider these oxides and determine if they influence the mechanical properties. 

A great deal of research has been performed into the effect of titanium on oxidation 

[94]–[96]; titanium oxide particles form throughout the chromium oxide scale [45]. 

When titanium oxide forms it results in an increase in the level of oxidation, unlike 

aluminium oxide and chromium oxide which will reduce the rate of oxidation [13]. 

This is because the titanium oxide is brittle and is likely to break away exposing the 

substrate alloy to further oxidation. The titanium oxide forms inclusions within the 

protective chromium oxide layer that have been found to increase the chromium oxide 

layer thickness and chromium ion diffusion compared to alloys that contain no 

titanium [45], [91]. This will result in a comparative reduction of strength of the alloy, 

as the original alloy is damaged to a greater depth, and may lead to an increase in 

failure due to surface effects. Similar to the formation of the aluminium oxide, the 

titanium oxide formation will result in a gamma prime depleted zone [45], [49], [82], 

[86]. An EDS map of the titanium oxide doping formed in and above the chromium 

oxide scale in coarse grain RR1000 can be seen in Figure 25. Similar to the EDS map 

of aluminium, the area of lower concentration of titanium is an indication of the γ' 

depletion depth. 

 

 

Figure 25: (left) EDS of the titanium oxide (right) corresponding micrograph [45] 
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Hafnium Oxide can be extremely detrimental to the life of a component as the phase 

that forms can be very brittle, but will most likely form inclusion clusters that will act 

as crack initiation sites due to decohesion with the matrix; therefore, minimising this 

possibility of their formation is greatly advantageous [97].  

Refractory metals, such as molybdenum, niobium and tantalum are believed to impart 

a favourable effect on oxide rates due to their affinity for oxygen. The positive 

influence is however rendered less effective as the oxides formed result in a reduction 

in the diffusion rates of the protective chromium and aluminium atoms, leading to 

thinner, less protective scales and they also have low melting points [78], [94], [98], 

[99]. Their disadvantages are generally seen to be outweighed by their advantages, as 

they are extremely effective at forming γ’ and carbide and boride precipitates, meaning 

their deleterious effects are largely ignored [100]. 

There are limited sources on the effect of cobalt oxide in nickel superalloys, other than 

research presented by Smialek and Meier (1987) [98], suggesting that at weight 

percentages lower than 5%, cobalt produces favourable cyclic oxidation resistance. 

Boron and Carbon additions have been found to have a negative effect on the oxidation 

rates at high volume percentages. The borides that form at grain boundaries are found 

to be preferentially oxidised via diffusion along the grain boundaries leading to 

increased damage of the protective chromium oxide scale [78], [94]. The presence of 

high levels of carbon have also been found to increase the rates of cavitation and 

embrittlement in the superalloys [101], [102]. Due to the efficacy of grain boundary 

carbides and borides at slowing fatigue crack growth, these are still included in a range 

of superalloys, just in small weight percentages. 
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2.3.4 Oxide Measurement 

There are two primary methods of analysing the extent of oxidation damage within a 

material; thermogravimetric analysis (TGA) measuring oxygen uptake and 

micrographic analyses to image the oxidation effects. TGA is the most common form 

of oxidation analysis [103]–[111] and there are two forms; interrupted thermal 

exposures with weighing of specimen before and after exposure, and the more accurate 

method using a specialised TGA system, with constant mass measurements taken 

throughout the exposure. Interrupted exposures are advantageous as they provide a 

specimen on which post analysis can be completed at each interrupted stage, and TGA 

systems are convenient, as a test provides a great deal of data from a small quantity of 

material. An example of a TGA setup can be seen in Figure 26. 

 

 

Figure 26: Schematic of a TGA system [112] 

 

There are a couple of issues with TGA systems; they are complicated, expensive 

systems that are very sensitive so need to be highly isolated. It is not possible to 
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determine the rate and stage at which different oxides form, or monitor for the onset 

of any oxidation associated damage mechanisms e.g. phase changes or gamma prime 

depletion. This is where micrographic analysis is more useful. Recent attempts have 

been made to measure the oxides in a range of nickel based superalloys, primarily 

based around the method of focussed ion beam (FIB) milling [66], [84], [113]. An 

image of a FIBed surface of RR1000 used for oxidation analyses can be seen in Figure 

27. 

 

 

Figure 27: Focussed ion beam milled CG RR1000 for oxide analyses [114] 

 

This method is very time intensive and requires a great deal of expensive equipment. 

Also, as the area of analysis following FIBing is so location dependant there is a good 

chance a feature of note may be missed.  

Cross sectional analysis similar to that performed by Cao [115] and Cruchley [46] is 

seen as a more thorough way of analysing the oxides. By imaging the cross section of 
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a heat treated specimen it is possible to investigate the entire length or width for 

anomalies, and take measurements accordingly. This will still not be fool proof as a 

method of highlighting unusual features in the oxidised surface, it will however, reduce 

the risk of missing something compared to FIB analyses.  

As can be seen in Figure 28, when compared to the oxidation measurements available 

from Figure 27, it is possible to localise the micrographic imaging more directly on 

the area of interest, therefore increasing the accuracy of oxide measurements. 

 

 

Figure 28: Cross sectional analysis of RR1000 [46] 
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2.3.5 Effect of Surface Condition on Oxidation 

Surface condition and the associated sub-surface residual stress are important factors 

in the consideration of oxidation due to the fact that service components undergo a 

peening process. Studies have been conducted across a number of materials to 

determine the effect of shot peening and machining on the growth of oxides compared 

to polished conditions [116]–[124], and it has been found that the more damaged 

conditions lead to a faster oxide growth rate but no noticeable change on the 

morphology of the oxides. This is at least in part due to the increase in nucleation sites 

created by the peening process [111], [116], [125]. Another factor is the increased 

presence of dislocations imparted on the material by the peening process leading to an 

increase in the rate of the ‘short circuit’ diffusion mechanism of pipe diffusion as 

discussed in Section 2.3.1. Interestingly, whilst conducting investigations it was also 

found that materials that have some residual stress in the surface, when oxidised led to 

a small recrystallized layer forming below the surface oxides, and as such will have 

altered mechanical properties [91], [106], [117], [126]; this was found to be more 

prevalent in coarse grain materials. It can be seen from the literature that even though 

it is a widely investigated area, there is little research into the effects of peening on 

oxide growth for the nickel based superalloys.  

As part of a study conducted by Li et al. 2008 [127], on high purity nickel, it was found 

that oxidation of damaged surfaces acted to lower the roughness of the surface, 

whereas oxidation for polished surfaces usually acts to induce damage. This is shown 

in Figure 29, in which S is a polished surface, R1 is a lightly damaged surface and R2 

is a highly damaged surface. 
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Figure 29: Average surface roughness values of the nickel samples before and after oxidation 

for 60 min [127] 

 

2.3.6 Effect of Temperature on Oxidation of RR1000 

A great deal of work has been conducted to determine the effect of temperature on the 

rate of oxide growth in RR1000. A larger focus of the work has been based around the 

coarse grain variant of the alloy [45], [47], [83] or has focussed on TGA [45], [47], 

[103] rather than oxide depth measurements. Where measurements have been taken 

only the chromium oxide layer has been measured [45], or measurements were taken 

after Focussed Ion Beam (FIB) milling into the surface of the specimen [49], [83], 

[84], [103], [114], and there are not enough measurements taken to be statistically 

comprehensive. It can be understood from these examples however, that there is a 

pattern of dramatically increased oxidation damage accumulation rates at temperatures 

exceeding 700°C, and that the growth is seen to be self-mediating to some extent, 

leading to a reduction in growth rate over time; parabolic rates are often mentioned 

[13]. 
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2.3.7 Grain Size and Oxidation 

It would seem logical, given the mechanics of short-circuit diffusion, that fine grained 

variants of alloys would have an increase in oxidation damage compared to their 

coarser grained counterparts, due to the net reduction in activation energy of diffusion 

for fine grain alloys. The question of the effect of grain size on oxidation damage 

accumulation is however far more complicated. The formation of the all-important 

protective oxide scale varies significantly as a result of the combination of 

microstructure and composition [128]. 

Many studies have been conducted into the sensitivity of oxidation to grain size across 

a range of alloys [75], [104], [108], [109], [129]–[133]. As an example of the 

complexity of the problem, the work by Trindade et al. [105] shows that for chromium 

containing iron alloys, as concentration of chromium increased, oxidation resistance 

decreased with increasing grain size, whereas lower concentrations of chromium 

exhibited the inverse relationship. The graphic modified from the work presented by 

Trindade et al. demonstrates this very concisely in Figure 30. 

 



   

48 

 

 

Figure 30: TGA measurement of (top) Cr-2.25 at 550°C (bottom) CrNi-18-8 exposed at        

750°C [105] 

 

This work is supported by Chevalier [134] who found there is a critical amount of 

chromium required in an alloy to form a protective chromium oxide scale. Studies of 

alloys with sufficiently high chromium content to form protective oxides generally 

found that coarse grained variants of alloys resulted in increased oxidation [75], [135] 

due to the increased diffusion rates of the chromium and aluminium [109]. In general 

it was found that fine grained alloys had greater resistance to spallation which resulted 

in improved oxidation resistance, however, the opposite has also been established by 

Strauss et al. (1998) [136]. 
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There is currently very little work dedicated to the effect of grain size on oxidation of 

the nickel based superalloys, apart from that which has been performed by Wang and 

Szpunar in 2018 [104] which found that, similar to other alloy systems, it is very 

material dependant.  

 

 

Figure 31: Mass gain after oxidation of fine and coarse grain variants of (a) alloy 230                

(b) alloy N [104] 
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Figure 31 shows the very different oxidation characteristics of two superalloys, with 

alloy 230 showing similar oxidation rates in both grain size variants with coarse grain 

performing slightly better, and alloy N which shows rapid oxidation in the coarse grain 

variant compared to the fine grain, quickly leading to a mass loss due to spallation. 

The conclusion to be drawn from the study of grain size is that it is very complicated 

and alloy dependent. It would therefore be important for any oxidising alloys to have 

oxidation analyses performed for all variants rather than making assumptions based on 

data from an analysis of only one grain size. 

 

  



   

51 

 

2.3.8 Oxidation Modelling 

In order to quantify the oxidation reaction across a range of materials and alloys, 

activation energy has been utilised, similar to the method employed by Kofstad [137]. 

Activation energy is the amount of energy that is required to initiate a reaction or in 

other words, it is the amount of energy available in a system for a reaction to occur. 

The theory of activation energy was first presented by Savante Arrhenius, in which he 

defined the Arrhenius equation shown in Equation 2. 

 
𝑘 = 𝐴𝑒−

𝐸𝐴
𝑅𝑇 2 

 

Where: 

k = rate constant 

A = frequency factor 

EA = activation energy 

R = gas constant 

T = temperature 

 

The Arrhenius relationship will be well known to materials scientists as it is commonly 

used in the modelling of the creep behaviour of materials, to determine the amount of 

energy to initiate creep, and is calculated using the steady state creep rate [11], [138]–

[140] 

The Arrhenius relationship has found good standing in the area of oxidation analysis 

and has been conducted as part of a large number of studies investigating thermal 

oxidation growth [86], [103], [141], [142]. There has been little work performed 

however into the application of activation energy for thermo-mechanical oxidation. 
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2.3.9 Thermo-Mechanical Oxidation 

Studies of high temperature oxidation have primarily been focussed on the growth of 

oxides in the absence of an externally applied load. The omission of load from the 

majority of oxide analyses is not an insignificant one, as most engineering materials 

will often experience significant mechanical stresses during operating. This is 

especially true of the nickel based superalloys that are designed to operate as loaded 

components in the hottest parts of the aero engine. A mechanical stress effecting the 

nature of a chemical reaction is investigated in the discipline of mechano-chemistry 

[143]. The phenomenon of mechano-chemistry is not well understood but its effects 

are abundant throughout engineering. 

A specific, widely researched form of thermo-mechanical oxidation interactions is that 

of stress or strain assisted grain boundary oxidation (SAGBO) also referred to as 

deformation-assisted oxygen diffusion. It is the process by which oxygen diffusion 

rates into a material are increased along a grain boundary due to the presence of 

mechanical loading. The reason SAGBO has been investigated to a greater extent than 

other thermo-mechanical oxidation mechanisms is because it links heavily to high 

temperature crack growth [144]–[153].  

In more recent years research has increased in an effort to understand SAGBO and the 

overall thermo-mechanical oxidation mechanisms. Initial studies have aimed to 

quantify the oxidation kinetics and damage levels for a range of alloy systems. Initially 

a great deal of research was conducted in tensile loading regimes [154]–[160], and 

other research into what is occurring under compressive loading [161]–[165] with the 

majority of the work being completed by the same people. A smaller number of studies 

have looked at back to back tensile and compressive stress effects on oxidation [84], 

[107], [166], [167]. It was also found that there is an apparent critical stress that must 

be applied in order for a thermo-mechanical oxidation reaction to take place [107], 

[167]. 

Collectively the research has found that loading has a deleterious effect on the 

oxidation resistance of high temperature materials by increasing the rate of the 

oxidation reactions. There is however no consensus as to what the mechanism is that 

causes this apparent increase. Some studies found that on a microscopic level there 

were changes in the morphology of the oxides from scale thickness to increased depth 
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of precipitate depletion, but other studies found little to no difference between thermal 

and thermo-mechanical oxidation. Even for studies conducted for RR1000 there are 

contradictory results; O’Hanlon et al. [168] found that oxidation under fatigue loading 

led to cracking of the protective scale, dramatically increasing the oxidation damage 

depth at temperatures from 650°C; the scale cracking is supported by work conducted 

by Berger et al. [169]. Karabela et al. [114] however found that there was little to no 

effect of fatigue loading on the surface oxide depth compared to the unloaded tests 

until the test temperature reached 800°C. 

Accompanying the formation of the oxide layer, creep deformation will occur during 

the low stress thermo-mechanical oxidation. Creep is the time dependent mechanism 

of deformation that occurs in materials under a constant load at elevated temperatures 

(commonly >50% melting point), which will usually occur at a very slow rate when 

compared to other damage mechanisms [252]. Creep causes the permanent plastic 

deformation and eventual creep rupture (failure due to creep) of a material at stresses 

lower that the yield stress. Creep can often be the main cause of failure within a system 

such as an industrial power plant, or it can contribute to another mechanism to cause 

failure e.g. aero engines (where fatigue failure is dominant). 

Figure 32 shows a generic creep strain curve (strain against time at constant stress and 

constant temperature).  
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Figure 32: Strain against time curve showing the different stages of creep [170] 

 

Proponents of the power-law theories believe the creep curve can be separated into the 

sections; primary/transient, secondary/ steady state and tertiary stages. Primary or 

transient creep sees an initial high creep rate which then decreases; this stage is usually 

quite short. Secondary or steady state creep displays an almost constant rate of creep; 

as such, this is the area of most engineering interest, as it is the easiest to predict. The 

final creep stage is tertiary creep; this stage shows an increase in creep rate until finally 

rupture occurs. The length of the tertiary creep stage can vary greatly. 

Power-law creep theories work on the principal that the process of creep can occur 

through two main mechanisms, diffusion and dislocation; diffusional creep processes 

are considered to be the dominant mechanism at low stresses, and the dislocation creep 

becomes dominant at higher stresses. As previously discussed, diffusion is the process 

by which the elements involved in the oxidation process move through a material.   
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2.4 Fatigue 

The term fatigue refers to the changes in properties which can occur in materials due 

to the repeated application of stresses or strains [171]. Although this definition has 

evolved since its inception in 1964, it is still broadly appropriate. Fatigue failures can 

result from fluctuating stresses or strains that are significantly smaller than the safe 

working values determined from a simple tensile test; the initial lack of understanding 

of this process led to the catastrophic failure of the Comet aircraft in 1953. The term 

fatigue failure can apply to many forms of failure, and has been split into a number of 

subgroups; mechanical fatigue, creep-fatigue, thermomechanical fatigue (TMF), 

corrosion fatigue etc. Fatigue is a significant problem in materials engineering and 

work to develop the understanding of its effects is very important; “it is often stated 

that fatigue accounts for at least 90 percent of all service failures” [172]. Fatigue 

failures occur with no visual changes to the material, which makes it very difficult to 

monitor, and fracture can occur suddenly, without warning. Fractures are often brittle 

in appearance, even in usually ductile materials [79]. 

There are four consecutive and partly overlapping stages to be considered when 

analysing fatigue failure. 

1. Cyclic hardening and / or softening 

2. Crack nucleation/ initiation 

3. Crack growth 

4. Failure/ rupture 

The relative effects of the stages of fatigue compared to the overall fatigue life is 

illustrated by Figure 33. 
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Figure 33: Stress amplitude against number of cycles for the nucleation and propagation stages 

of fatigue compared to the overall fatigue life [173] 

 

2.4.1 Cyclic hardening and softening  

Materials subjected to cyclic loading will exhibit different characteristics based on 

their initial conditions. It is common for initially very ductile materials, such as those 

that are in an annealed condition, to cyclically harden before reaching saturation. 

Counter to this, work hardened or precipitation hardened materials will be more likely 

to cyclically soften before saturation. For other materials it is more complex, in which 

some initial hardening may occur followed by a long stretch of cyclic softening, such 

as nickel chromium martensitic steels [174]. This stage is essentially a deformation 

process that involves a change in the bulk of the material resulting in strain localisation 

[175]. Microscopically, this is due to the movement of dislocations within the material; 

and the formation of more dislocations in initially soft material and the break-up of 

dislocation barriers and tangles within initially hardened materials [176].  

Similar to the nickel chrome martensitic steel mentioned, it is common for the 

precipitate hardened nickel based superalloys to undergo an initial hardening, followed 

by a slow cyclic softening stage [177]. 
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2.4.2 Crack Initiation 

Crack initiation will often account for as little as 10% [176] but may be as much as 

90% [178] of the overall fatigue life so it is vital to understand the mechanism in order 

to accurately model and understand the fatigue lives of materials. Crack initiation can 

be considered as occurring in three stages [179], [180]: 

1. Crack nucleation 

2. Microscopically small crack growth 

3. Physically small crack growth 

Studies have found that the crack initiation stage is strongly affected by microstructural 

variability and component geometries for experiments performed under the same 

conditions [181]. It can therefore be stated that crack initiation will account largely for 

the substantial scatter that is apparent in the fatigue testing of metallic systems, rather 

than during the crack propagation stage (large crack growth stage). 

Fatigue cracks will nucleate at a point of concentration of plastic strain [176] such as 

component surfaces and grain boundaries [174], [176], [177], [182].  

Figure 34 shows the full range of crack initiation site in polycrystalline materials 

according to Ellyin: 

(i) Transgranular crack 

(ii) Intergranular crack 

(iii) Surface inclusion/ pore 

(iv) Inclusion in the matrix 

(v) Grain boundary voids 

(vi) Triple point grain boundary intersections 
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Figure 34: Potential sites for crack initiation in polycrystalline materials [175] 

 

The effect of grain boundary voids and triple points will be more prominent at high 

temperatures, when creep will become a consideration. 

Crack nucleation will occur due to the multiplication and accumulation of dislocations 

around these features, resulting in a localised increase in dislocation density [183]–

[185]. Research first conducted by Ewing [186] discovered the presence of fine, sharp 

slip bands in favourably oriented crystals of polycrystalline Swedish iron. It was found 

that as cycle number increased, more specimens presented slip bands and existing 

bands widened and ultimately developed into small cracks. Investigation into the 

movement of dislocations was later conducted by Seeger [187] and Friedel [188] in 
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terms of work hardening of FCC crystals, supporting the theory of slip band formation 

at the surfaces of components undergoing fatigue loading. The dislocation movement 

mechanics are highly dependent on a number of factors: temperature, strain amplitude, 

slip character and stacking fault energy [189]–[191]. The mechanism by which a slip 

band can initiate damage in the surface of a component can be seen clearly in Figure 

35. 

 

 

Figure 35: Schematic representation of surface damage caused by slip band [176] 

 

Figure 36 shows a micrograph of the corner of a copper specimen that has undergone 

a number of fatigue cycles and clearly shows the presence of the slip bands, the scale 

of which is magnified due to the presence of the acute angle of the specimen. 
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Figure 36: Micrograph of a slip band at the corner of a copper fatigue specimen [192] 

 

The presence of a nucleated fatigue crack is not straight forward to determine as 

different industries will have a different view of what size of crack represents the onset 

of fatigue cracking. This will most likely be linked to the resolution of the 

measurement technique used to determine the presence of a crack [176]. 

There are a number of factors that will affect how rapidly cracks will nucleate in a 

component. They are based around the principles that, (i) there is a feature of some 

sort at the surface or within the component, (ii) there is loss of grain boundary cohesive 

strength, and (iii) the ability to perform stable dislocation pileups. Furthermore 

unfavourable geometry and poor surface condition of a component will have the effect 

of promoting one or more of these mechanisms, as described in Figure 34. 

Fatigue crack initiation studies in a range of nickel based superalloys have been 

performed in order to characterise the method of initiation and the microstructural 

changes that were presented as a result of the cracks forming. Studies found a range of 

mechanisms resulted in the initiation of cracks; the formation of slip bands [193], 

[194], inclusions [195], [196], grain boundaries [196] and facet formation in large 

grains in the presence of Σ3 grain boundaries [197], [198]. 

 



   

61 

 

2.4.2.1 Stress Concentration 

A large part of the reason why the presence of the slip bands leading to micro-cracking 

is of importance to fatigue is the fact that the micro-cracks will act as micro-notches, 

increasing the stress concentration at the notch, creating an inhomogeneous stress 

distribution throughout a component.  

A stress concentration will be caused by a number of features: 

 Poor surface condition 

 Case hardened layer 

 Inclusions/ pores 

 Small cracks 

 Notches 

 Sharp edges 

 Threads  

The effect of these features is to change the force flux around them, leading to an 

increase in the density of force lines around the feature; an example of this for a 

notched specimen is shown in Figure 37. 

 

 

Figure 37: The effect of notches on the main principle stress trajectories [199] 
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This will lead to an increase in the dislocation density at these features, resulting in an 

amplified plastic response within the region. These features will also increase the 

formation of slip bands, which as previously explained will result in stress raisers 

acting as crack nucleation sites. 

The level of elastic stress concentration caused by a certain feature is measured using 

the stress concentration factor, (kt) the meaning of which is shown in Equation 3 [200]: 

 

 𝑘𝑡 =
𝜎𝑚𝑎𝑥

𝜎0
 3 

 

Where: 

 

 𝜎𝑚𝑎𝑥 = peak stress at the root of the stress raising feature 

𝜎0 = nominal stress that would be present if a stress concentration did not occur 

 

The severity of the stress concentration is dependent upon the geometry of the notch. 

The higher the kt the sharper the notch and the more effect it would be expected to 

have on the resulting fatigue life. 

The effect of stress raising features has been widely researched for a range of materials 

as it is such an important factor in understanding the fatigue resistance of components 

in service. In mechanical testing it is common to use specialised notch fatigue 

specimens of known stress concentration factors to determine the notch sensitivity of 

a material. Current notch fatigue testing is performed to satisfy three questions 

currently being asked; understanding notch sensitivity, especially under multiaxial 

loading conditions, the response of notches to temperature and environment, and 

finally fatigue initiation modelling. 

Notch sensitivity analyses are performed for a wide range of materials in order to better 

understand the crack initiation behaviour [201]–[205]. This is of particular importance 

for engineering components where it is not possible to avoid stress raising features 

such as those at the fir tree root of turbine components. An effort has also been made 

to understand the difference between the fatigue initiation response of notched and un-
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notched specimens [206], [207]. Research is also being undertaken into more complex 

multiaxial loading regimes [208], [209]. The majority of research has been conducted 

into polycrystalline materials however, research has also been conducted into single 

crystal components [210] 

Through the use of dwell testing and differing test environments an effort has been 

made to understand the influence of damage mechanisms other than that of fatigue on 

the crack initiation characteristics of varying materials. This is of particular importance 

to high temperature engineering components that will experience a wide range of 

damage mechanisms in operation, including; creep and attack from air, water, 

sulphurous etc. environments [71], [211]–[215].  

A large amount of research has also been performed in more recent years based around 

efforts to produce models for the prediction of fatigue lives controlled by fatigue crack 

initiation [216]–[222]. As mentioned previously, there is a great deal of scatter in the 

fatigue crack initiation lives of components under similar conditions, therefore, 

modelling is a complex task. However, a promising approach is based around the 

theory of critical distance. This aims to more accurately model stress at notches during 

fatigue loading. The theory of critical distance is a complex principle and has found 

greater use since advancements in FEA software have made it easier to calculate.  

Alongside the testing performed on notched fatigue specimens, research has been 

conducted to understand the effect of smaller, microstructural features on crack 

initiation in engineering materials. Grain size and texture have been found to have an 

influence on the initiation rates of nickel superalloys [223], [224]. Also of importance 

to precipitate hardened alloys such as nickel superalloys, research has been conducted 

into the effect and method of fatigue crack initiation from inclusions [180], [225]–

[227]. 
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2.4.2.2 Surface Effects 

The special case of how the surface condition affects crack initiation is to be 

considered separately as there are many factors that need to be considered. 

There are three factors linked to the surface condition that will affect fatigue 

characteristics [172]: 

1. Surface roughness (can act as stress concentrations) 

2. Changes in the surface residual stress levels 

3. Effects of oxidation and corrosion 

Surface roughness can be varied greatly depending on the type of machining 

operations employed e.g. grinding, milling and polishing [178]. The surface ‘valleys’ 

that are created during these operations will act as stress raisers. The friction incurred 

will also cause areas of heating at the surface of the component that will have an 

effect on the fatigue properties within a heat affected zone to some depth 

subsurface. The effects of these techniques can be reduced by simply reducing rate 

of material removal e.g. slower grinding/ milling velocities. The effect of surface 

roughness on fatigue life is shown in Figure 38. The component with a gentle grind 

applied has a markedly longer fatigue life at the same stress.  
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Figure 38: Shot peening & grinding effects on fatigue [228] 

 

As can also be seen in Figure 38 there is a dramatic effect on fatigue resistance from 

the cold working process of shot peening which is backed up by a great deal of research 

[229]–[231]. The shot peening process imparts a compressive residual stress near the 

surface acting to close any short cracks before they have a chance to propagate [232], 

and will refine the grain size near the surface [233]. A recent study by Messé et al. 

(2014) has investigated dislocation movement confirming that dislocations form due 

to plastic deformation induced by peening. The dislocation density is seen to reduce 

further from the peened surface [234]. 

For a range of alloys it has been found that thermal and thermomechanical loading will 

act to remove or reduce the residual stress [43], [235]–[241]. It has also been found 

that at high stress amplitudes, the compressive residual stresses are depleted especially 

under a compressive loading regime [230]. With this in mind, the advantages of the 

compressive stress must be balanced against how damaging to the surface the shot 

peening process is. The peening process will produce a roughened surface that has 

many peaks and troughs that can act as stress raising features [242].  
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2.4.2.3 Oxidation and Initiation 

Through a handful of previous studies it has been found that oxidation has a large 

effect on the fatigue lives of nickel based superalloys, most notably during the crack 

initiation stage. Many different aspects of the interaction between oxidation and 

fatigue initiation have been investigated. The effect of cyclic loading on the level of 

oxidation damage has been investigated for a range of nickel superalloys [92], [114], 

[168]. Cyclic loading was found to increase the rate of oxidation damage accumulation 

compared to un-loaded thermal exposures for a range of temperatures from 650°C to 

800°C. The effect of prior oxidation on fatigue life was also investigated for plain and 

notched fatigue specimens at a range of temperatures from 650°C to 800°C and 

stresses and it was found that there was a notable decrease in the fatigue lives [86], 

[243]. However, in a study conducted by Cruchley (2015) into as machined coarse 

grain RR1000 specimens, it was found that there was no life debit after pre-exposure, 

and at the higher stresses of 900MPa there was actually an improvement in the fatigue 

life [82]. Finally a study by Jiang in 2015 [50], trying to determine the crack initiation 

locations for oxidised specimens found that there were a number of different initiation 

points; grain boundaries, the interface between the γ and the γ’ phase due to the 

formation and cracking of oxides and in some instances cracks initiated from surface 

pores. 

As a point of note, Bílý [174] stated that for non-homogenous bodies, such as those 

with a hardened surface, micro-cracks can be found below the surface at the interface 

between the surface layer and the substrate. If considering the hard ceramic oxide 

layers as a hardened case, this research should be kept in mind. 
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2.4.3 Propagation 

Fatigue crack propagation or growth can occur at stress intensity factors far lower than 

the fracture toughness of a material. It will be very difficult to remove all stress raisers 

and surface damage from components meaning crack initiation is inevitable in 

engineering; therefore, an understanding of the crack propagation rate is vital. 

Crack propagation can be thought of as a competition between “intrinsic 

microstructural damage mechanisms… and extrinsic crack-tip shielding mechanisms” 

[244]. These mechanisms are apparent in both ductile and brittle materials; however, 

they will exhibit different levels of prevalence in each. The intrinsic damage 

mechanisms include dislocation pile-ups and interface decohesion which will lead to 

cleavage fracture, intergranular cracking and microvoid coalescence. Extrinsic 

shielding is a complex process and can result from the occurrence of many different 

mechanisms, some of which will exist only in ductile or brittle materials. An example 

of some of the shielding processes are crack deflection, crack tip dislocation shielding, 

crack wake plasticity, bridging, sliding or phase transformation induced closure.  

The material being investigated for this analysis can be thought of as a ductile metallic 

material in the substrate, and a brittle ceramic oxide on the surface. 

The rate of fatigue crack growth in metallic materials in relation to the applied stress-

intensity range is described in Figure 39. As can be seen there are many factors that 

influence crack growth rate. 
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Figure 39: Fatigue-crack growth as a function of applied stress intensity range [245] 

 

Fatigue failure in ductile metals is often characterized by a ductile striation mechanism 

[244]. Striations represent the advancing distance of a crack front during a single load 

cycle and are microscopic in size [79]. It has been hypothesised that they are the result 

of opening and blunting during loading, followed by re-sharpening during unloading 

of the crack tip, and that this is the primary intrinsic crack growth mechanism in ductile 

materials [244], the mechanism is moderated primarily by the applied stress intensity 

range. 

The features of fatigue in brittle materials such as the ceramic oxide layer are quite 

different from those of ductile materials. There will be no striations formed during 

brittle fatigue, however, the fracture surface will have a very similar appearance to that 

of a monotonically loaded specimen, but will often present with a greater amount of 

debris [244]. For brittle materials the extrinsic shielding mechanisms are a great deal 

more important than for ductile materials. The lack of a plastic zone ahead of the crack 

tip is detrimental to the fatigue strength of the material; an attempt to promote extrinsic 

mechanisms within these materials has been investigated with positive results. As an 
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example, due to the employment of transformation toughening and microcrack 

toughening, the fracture toughness of zirconia raised from 2 MPa m-1 to between 8 and 

13 MPa m-1 [246].  

 

2.4.3.1 Oxidation and Propagation 

At high temperatures, oxidation will occur ahead of the crack tip, leading to a reduction 

in ductility, increasing crack growth rates [142]; it has been found that the stress 

assisted grain boundary oxidation (SAGBO) mechanism discussed previously plays 

an important role in fatigue crack growth for this reason [142], [146], [152].  

The effects of temperature on the method of crack growth i.e. intergranular or 

transgranular was studied for RR1000 by Hyde et al. [247], and it was found that there 

is a transition temperature range through which one mechanism will become more 

dominant than the other. The conclusions drawn through examination of fracture 

surfaces and an understanding of the oxidation mechanism, determined that this 

transition was due to the oxidation of the material when exposed to high temperatures. 

It has been found that a crack will grow preferentially along oxidation routes, where 

the formation and subsequent cracking of chrome or cobalt rich oxides will cause crack 

initiation and propagation [50]; this will be largely due to the incoherence between the 

oxide partials and the alloy matrix. This research is supported by the research into 

another Ni-base superalloy, Waspaloy, which was conducted by Lerch et al. [248].  

A study conducted by Kitaguchi et al. [92], investigated the oxidation of a powder 

metallurgy processed Ni-base superalloy; a micrograph from their work is shown in 

Figure 40. 
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Figure 40: SEM micrograph of oxide intrusion ahead of a crack tip [92] 

 

The oxidation route for this sample can be seen clearly by the white line on the 

micrograph. The crack tip is to the left of the image, with the oxidation pathway 

following the grain boundary. The regions labelled in Figure 40 denoted areas which 

were further studied during the analysis in order to determine how the oxides of the 

different elements formed at different points along the diffusion pathway. From this 

study the extent of the oxygen diffusion and subsequent oxidation within the material 

can be seen. Similar results have been found by Karabela et al. [113]. 
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2.4.4 Temperature 

The fatigue properties of metals below room temperature are generally favourable to 

those at higher temperatures. Although notch sensitivity increases at lower 

temperatures, fatigue lives have been found to increase [178]. Fatigue strength is then 

seen to reduce with increasing temperatures. Many factors contribute to this, including 

an increase in creep-fatigue interaction raising the mean stress level, and increased 

oxidation along grain boundaries, leading to faster crack growth rates [172]. When 

recording a high temperature fatigue test, it is customary to note time to failure as well 

as number of cycles [178]. 

 

2.4.5 Fatigue Life 

The reason for performing fatigue tests and understanding the effect varying 

conditions have on the fatigue response of a material is so we can better understand 

how to utilise the material in service. It is therefore important to understand how the 

data from fatigue testing will be used in industrial operations. Fatigue component lifing 

analyses are often conducted in one of two main ways; the total life approach and the 

defect tolerant approach [244]. The total life method has found favour in ground 

vehicle design, and the defect tolerant approach has been applied when catastrophic 

failures are possible, such as the aerospace and nuclear industries. 

Total life analysis is the classical method for fatigue design, in which total fatigue life 

to failure is defined in terms of cyclic stress range or strain range. As the name 

suggests, the fatigue process from crack nucleation to component failure is analysed. 

The stress-life approach is used primarily for HCF application; components that will 

be subjected to low stress amplitude cyclic stresses, where primarily elastic 

deformation will occur. The S-N curve was developed, and the concept of an endurance 

limit was hypothesised; this is defined as the stress amplitude under which a 

component will have an infinite fatigue life [178]. For LCF regimes, in which a great 

deal of plastic deformation is expected, or a component is constrained at some point, 

strain-life models have been developed [249].  

The defect tolerant approach uses fracture mechanics to determine the rates of crack 

growth; it is predicated on the assumption that all components will contain flaws. The 
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presence of any crack of critical size will be determined using NDE techniques and if 

a component is deemed appropriate, it will enter service. A crack growth rate will be 

applied, assuming there is a crack in the component of a length equal to the resolution 

limit of the NDE equipment. The component will be allowed to run in service until a 

time before which the assumed crack would reach an unsafe length, which is termed 

the critical crack size. The component will then be reanalysed using NDE to determine 

the presence and nature of any cracks. This process will continue until there is a crack 

found in the component over which continued service is not allowable. The allowable 

critical crack size will be determined based on a number of factors including; loading, 

the strain limit and the material properties e.g. fracture toughness. The crack growth 

laws used are empirical, and are applicable only for small scale yielding, where the 

crack tip plastic zone is small in comparison to the geometry of the component, and 

the loading produces a primarily elastic response [178]. The effects of environment, 

stress concentration, geometry and mean stresses can be incorporated into the analyses. 
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3 Experimental Methods 

3.1 Oxidation 

3.1.1 Specimen Preparation 

Due to the brittle nature of the oxides being investigated throughout this project, the 

development of a specialised specimen preparation procedure was required in order to 

obtain specimen cross sections suitable for the surface measurements to be taken. The 

current procedure being used in Swansea University can be found in Appendix III. 

 

3.1.2 Oxide Growth Analyses 

The oxidation growth analyses that are being performed as part of this study will come 

under two categories: thermal exposure and thermo-mechanical oxidation testing. It is 

important to have an understanding of the oxidation characteristics of a material under 

purely thermal conditions (at zero applied load). In particular, to understand the 

oxidation process in an oxidising environment i.e. what oxides will form and at what 

rates will they grow. Expanding on that knowledge it is important to understand how 

oxides will grow on components in service. In the case of the turbine disc in an aero 

engine, high temperatures and stresses will be experienced leading to thermo-

mechanical oxidising conditions. 

 

3.1.2.1 Elemental Analysis 

The initial stage of the analysis was to determine the composition and morphology of 

the oxides formed in FG RR1000. A specimen of polished as received material was 

imaged using light microscopy and then elemental analysis was performed to provide 

a baseline for the material. The specimen was then exposed in a furnace for 1000 hours 

at 900°C in order to produce a high level of oxide related damage, to simplify initial 

investigations. The specimen was then re-imaged using a light microscope and the 

effect of the thermal exposure on the chemical composition of the alloy was analysed. 
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3.1.2.2 Thermal Exposures 

The initial experimentation phase involved determining the scatter in oxidation 

behaviour of FG RR1000 under thermal loading. As has been noted by Cottrell, “The 

rate of oxidation is usually measured by weighing a sample periodically to determine 

the amount of oxygen taken up” [39], which will usually be performed using a 

thermogravimetric analysis (TGA). However, it was found that for tests requiring an 

exposure time over 200 hours, TGA was unsuitable due to the increased chance of 

spallation, which can result in inaccurate weight measurements.  

As such, intermittent furnace exposure with microstructural characterisation has been 

utilised. After varying time intervals, samples were removed from a furnace and 

prepared for inspection according to the procedure in Section 3.1.1. For all thermal 

exposures a SNOL 8,2/1100 furnace has been used with temperature monitored using 

a fluke meter with a type N thermocouple.  

Both shot peened and polished surfaces were investigated; shot peening has previously 

been shown to have an effect on oxidation rates [43], and it is hoped that this work 

will further the understanding and provide a robust statistical basis for the scatter in 

oxidation behaviour previously observed. Specimens were exposed at 700°C, 750°C 

and 800°C for 24, 100, 250 and 1000 hours with 3 repeats performed for each to 

provide a sound statistical base. The full test matrix can be found in Appendix I. The 

method of measuring the oxides can be seen in Appendix III. 

The specimens that were used for this initial stage of testing were simple cuboidal 

plates, 20 x 10 x 2 mm in size, an example of which can be seen in Figure 41. The 

specimens were sectioned from an unexposed disc forging section provided by Rolls 

Royce Plc. The specimens were initially removed from the disc using electro discharge 

machining, as there is minimal waste, to obtain the greatest number of test specimens 

possible. Where the specimens required further sectioning, a Struers cutting wheel was 

used, with low cutting speeds (≤0.05mm/min) to limit the depth of the plastic 

deformation zone. All specimen faces were then ground back to the required 

dimensions using increasingly fine grit grinding paper, until a final stage of polishing 

was undertaken to decrease the presence of plasticity and surface roughness at and 

near the surfaces. Specimens were then shot peened on one face according to the 

standard RR peening procedure used for nickel turbine discs: 110H/ 200%/ 6-8A. The 
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peening of only one face allows direct comparison of the oxidation rates of peened and 

polished surfaces within one specimen. 

 

 
Figure 41: Thermal exposure specimen 

 

3.1.2.3 Thermo-Mechanical Oxidation Testing 

It is the purpose of this testing program to determine the extent of oxidation 

accumulation that occurs across a range of stresses in both tension and compression 

and compare the results. The stresses analysed were between -600 MPa and 600MPa, 

for 24, 100 and 250 hour exposure times, with 2 repeats for each. The maximum 

exposure time of 250 hours was chosen as it was the longest time that could be 

guaranteed not to result in a creep failure. 

After the testing had been conducted, the specimens were prepared according to the 

procedure in Section 3.1.1, then analysed in the scanning electron microscopy in 

accordance with section 3.1.4. The full test matrix for the thermo-mechanical oxidation 

testing program can be seen in Appendix I.  

Constant load creep machines with a ratio of 10:1 were utilised initially, according to 

the SMaRT Standard Test Operating Procedure (STOP) for Constant Load Creep 

following test standard BS EN ISO 204:2009. This was used purely to assess oxidation 

damage accumulation within the specimens, not creep damage; the variables were 

applied load and length of exposure time. The experiments were conducted at a 

constant temperature. 
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For the tensile thermo-mechanical loading program RLH10259 specimens were used, 

which are standard creep specimens. To determine the accuracy of the specimen 

dimensions after manufacture, each underwent inspection using a shadowgraph prior 

to testing. The tolerances are set out in the test standards. The specimen drawing can 

be seen in Appendix II. 

As the tensile thermo-mechanical oxidation analysis tests were adopted from tensile 

creep tests, it was hoped that the compressive thermo-mechanical oxidation tests 

would be able to be adapted from compressive creep testing methodologies. However, 

prior to this investigation there was not a test method to perform compressive creep on 

standard RLH10259 test specimens. The initial compressive test method attempted 

involved adapting a load reversal cage that was previously developed in SMaRT for a 

form of miniaturised specimen testing. The purpose of the cage is to adapt a standard 

constant load creep machine into applying a compressive load uniaxially onto a 

specimen. An image of the cage can be seen in Figure 42. 
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Figure 42: Constant load creep machine with load reversal cage 
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This method of testing using RLH10259 specimens proved to be unsuccessful during 

the test development stage. The specimens experienced a great deal of non-uniaxial 

loading leading to a buckling of the specimen, as can be seen in Figure 43. 

 

 

Figure 43: RLH10259 specimen that buckled under compressive loading using the load reversal 

cage 

 

A number of specimens were then designed with differing ratios of cross-sectional 

area in relation to their gauge length in an attempt to mitigate against the non-uniaxial 

loading, however, all attempts ended in results similar to those from the RLH10259 

investigation. 

Following the failed trials an investigation was undertaken into the potential of 

utilising small compression specimens for the analysis, held under a constant 

compressive load in an electric screw machine. Using ES-16, an Instron 1361 Electric 

Screw Test Machine, and the method proved viable and was used throughout the 

compression thermo-mechanical oxidation programme. 

The test machine has a 100kN load cell calibrated down to a load of 1kN making it 

suitable for this testing program. The testing was performed according to the SMaRT 

Constant Load Creep STOP based on BS EN ISO 204:2009 to ensure consistency 

between the compressive and tensile tests. MARM002 nickel superalloy platens were 

used, with zirconia ceramic disks; the ceramics were used to ensure that during the 

long thermo-mechanical exposures, the specimens would not indent the platens 

invalidating the tests. 

For the compressive thermo-mechanical oxidation program small compressive 

specimens were used, which were cylindrical specimens with a diameter of 4.5mm and 
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a height of 6mm. To determine the accuracy of the dimensions after manufacture, all 

specimens underwent inspection using a micrometer gauge prior to testing; due to the 

specimen type it was not possible to use the shadowgraph. The tolerances are set out 

in the SMaRT Constant Load Creep STOP. 

 

3.1.2.4 Creep Test 

In order to determine the potential interaction of creep and oxidation for each of the 

thermo-mechanical exposures, a strain monitored creep test was performed at the 

maximum thermo-mechanical exposure stress of 600MPa. The limited testing 

programme was performed due to a lack of test pieces. The test standard BS EN ISO 

204:2009 was followed for the test.  

For the creep test a RLH10259 specimen was used, which is a standard creep 

specimen, the same as was used for the tensile thermo-mechanical oxidation testing. 

To determine the accuracy of the specimen dimensions after manufacture, it underwent 

inspection using a shadowgraph prior to testing. The required tolerances are set out in 

the test standards. The specimen drawing can be seen in Appendix II. 

 

3.1.3 Microhardness Testing 

Microhardness tests were performed to determine if the heat treatments changed the 

plastic response of the material hypothesised through the evolution of the γ’ 

precipitates. Vickers hardness tests were performed at 1kgf with a 10 second dwell on 

a Struers Duramin 40. Tests were performed initially on the thermal exposure 

specimens to determine if temperature affected the plastic response of the material, 

followed by the thermo-mechanical oxidation specimens to investigate if the 

combination of high temperature and mechanical loading had a different influence than 

just the high temperature. Due to the statistical variability innate within microhardness 

testing 20 indentations were performed per specimen. 
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3.1.4 Microscopy 

Using a Jeol 7800F FEG SEM, the wide range of specimens were investigated, and 

the imaging analyses required for the oxidation damage depth measurements were 

performed. High magnification energy dispersive x-ray spectroscopy (EDS) was 

performed on the JEOL 7800F FEGSEM, and the lower magnification EDS was 

performed on the tungsten filament Hitachi SU3500, both using an Oxford Instruments 

X-MaxN.  

High magnification electron backscatter diffraction (EBSD) was performed on the 

JEOL 7800F FEGSEM with an Oxford Instruments NordlysNano, and the lower 

magnification EBSD was performed on the Hitachi SU3500 using an Oxford 

Instruments NordlysMax3.  
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3.2 Fatigue 

3.2.1 Thermally Pre-exposed Fatigue Testing 

The issue of fatigue life in the turbine disc design is of great importance. It was hoped 

that furthering the understanding into the effects of oxidation on the fatigue life of FG 

RR1000 specimens would aid in the improvement of disc lifing models. For this test 

program several FG RR1000 specimens underwent load control fatigue testing in 

accordance with SMaRT Load Control LCF standard test operating procedure (STOP) 

which is based on BS 3518-1:1993. This was performed in order to determine their life 

to failure. Specimens were pre-exposed in a SNOL 8,2/1100 furnace with a Fluke 53 

II thermometer using an N type thermocouple according to the validated RR oxide 

growth algorithm to a total damage depth (chromium oxide and aluminium oxide) of 

1µm, 3µm or 5µm (the thermal exposures  to obtain the damage depths can be seen in 

Appendix I). The specimens were then tested at a number of different stresses in order 

to create S-N curves for each damage level. This data was then compared to existing 

data from undamaged specimens from previous test programs to determine the 

variation in fatigue life caused by the different damage levels. The full test matrix for 

this test program can be seen in Appendix I.  

The maximum test stress was determined initially from RR load controlled fatigue 

data, and was then adjusted throughout the test plan in order to get a suitable S-N 

curve. 

To isolate and determine the specific effects of oxidation on the specimen, rather than 

other effects from extended thermal exposure (e.g. gamma prime coarsening), further 

load controlled fatigue tests were performed. In this case the specimens underwent 

vacuum furnace heat treatments, the same as those to produce the required damage 

depths, in a MTI Corp Ration GSL-1700x with a Pfeiffer HiCube vacuum pump. The 

full test matrix is shown in Appendix I. 

The fatigue tests were performed on SMaRT test machine SH-11; an Instron 2513-501 

Hydraulic Testing Machine, which has a 250kN load cell. 

Where required, fractography has been performed on these specimens to determine the 

mode of failure in accordance with section 3.2.8. Also, to determine the effects of 
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tertiary gamma prime on the fatigue lives of the specimens, microstructural analyses 

were performed in accordance with the procedure in section 3.2.8. 

The specimens used for this section of the testing program are RLH10569, the drawing 

of which can be seen in Appendix II; the specimens were peened according to the 

standard conditions used throughout the analysis of 110H/ 125-200%/ 6-8A. To ensure 

the specimens were in accordance with the tolerances set out in the SMaRT LCF 

STOP, a shadowgraph was used to take measurements prior to testing.  

 

3.2.2 Notched Fatigue 

Notched fatigue testing was performed in order to determine the effect of oxidation on 

stress raisers similar to those on components in service. Peened specimens with two 

different notch geometries were chosen in order to determine the level of oxidation on 

notch sensitivity. Two temperatures were also chosen at which to perform the test in 

order to determine the effects of oxidation on notches at the temperatures seen by the 

material in service.  

Prior to testing, the majority of the specimens were pre-exposed to an oxide damage 

depth of 3µm. This damage was chosen as it was the most detrimental to fatigue life 

from the previous analysis, and it was hoped it would give the greatest contrast to the 

data for the tests performed on the remainder of the specimens which were left in the 

as received condition. Data from this analysis was compared to existing data from a 

previous test programme. The tests were performed on servo-hydraulic rig SH-16 

The specimens used for this section of the testing program were RLH10520 for the kt 

of 1.55 and RLH8018 for the kt of 2.29; the drawings of which can be seen in section 

Appendix II; the specimens were in a peened condition according to the standard 

conditioned used throughout the analysis: 110H/ 125-200%/ 6-8A. To ensure the 

specimens were in accordance with the tolerances set out in the SMaRT LCF STOP, a 

shadowgraph was used to take measurements prior to testing.  
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3.2.3 Fatigue Crack Propagation Numerical Analysis 

It has been hypothesised that oxidation damage will act to affect primarily the initiation 

stage and not the crack propagation stage of the fatigue damage mechanism. An 

investigation, using the Paris law relationship based on the effective initial flaw size 

(EIFS) methodology was used to determine whether the fatigue tests performed 

consisted purely of crack propagation from the flaws induced within the specimens 

from the thermal pre-exposures, or whether there was a crack initiation component; 

the number of cycles of crack propagation to failure was calculated numerically to be 

compared to the empirical results 

The Paris law equation can be seen in Equation 4. 

 

 𝑑𝑎

𝑑𝑁
= 𝐶∆𝐾𝑚 4 

 

Where: 

 
𝑑𝑎

𝑑𝑁
 = crack growth rate 

 ∆𝐾 = stress intensity range 

 C & m = constants 

 

To calculate the number of fatigue propagation cycles to failure the Paris law equation 

is integrated, the result of which can be seen in Equation 5. 

 

 

𝑁𝑝 = ∫
𝑑𝑎

𝐶 Δ𝐾𝑚

𝑎𝑓

𝑎0

=  
1

𝐶(𝑌 𝜎 √𝜋)
𝑚   [

𝑎𝑓
𝑚′ − 𝑎0

𝑚′

𝑚′
] 5 

 

Where: 

 𝑌 = geometry factor 

 𝜎 = stress 

 𝑚′ = 1 − 𝑚
2⁄  

𝑎0 = initial flaw size (oxide damage depth) 

 𝑎𝑓 = flaw size at rupture 
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3.2.4 Thermo-Mechanical Oxidation Pre-exposed Fatigue 

Aero engine HP turbine discs will experience a combination of thermo-mechanical and 

fatigue damage in operation. To determine how oxidation accumulation under 

different stresses affects the fatigue life of FG RR1000, a test programme was 

performed. For this testing programme specimens were initially held under a tensile or 

compressive stress, and then a low cycle fatigue regime was performed to determine 

the failure life of the specimens. The test matrix for this stage of the testing is shown 

in Appendix I. The tests were performed on the electric screw machine ES-16. 

Initially, the specimens used in this test regime were RLH10259. These specimens 

were selected as they are the same as were used in the creep testing regime. It was 

hoped this would produce consistency in the oxidation growth; however, the initial 

tests resulted in failure of the specimens at the notches and threads. It is believed that 

this is due to the similarity of cross sectional area between the gauge and the threaded 

end, and the stress concentration effect of the threads and notches exacerbated by the 

fatigue loading. RLH10277 fatigue specimen were therefore used for the analysis; a 

specimen drawing of which can be seen in Appendix II. To ensure that the tolerances 

were in line with those required for the SMaRT Constant Load Creep STOP, a 

shadowgraph was used for measurements prior to testing. 
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3.2.5 Small Punch Tensile Testing 

Small punch tensile testing has found use in mechanical testing as a method of ranking 

the mechanical properties of materials, with the requirement of very small amounts of 

material to do a large number of tests compared to conventional tensile testing. The 

method involves deforming a small cylindrical disc using a hemi-spherical ended 

punch. The test setup can be seen in Figure 44 [250]. 

 

 

Figure 44: Small punch test apparatus 

 

3 Cylindrical rods were exposed to 1, 3 and 5µm oxidation damage depths, and one 

was left in the as received condition; small punch specimens were then sectioned from 

these rods. The tests were performed in order to determine if the heat treatments 

changed the tensile strength of the bulk material. All the tests were performed under 

position control at a displacement rate of 0.5 mm/min; testing was performed 

according to the small punch code of practice [251]. The full test matrix can be seen 

in Appendix I. 

Small punch cylinders of 8mm diameter and a thickness of 500µm +/- 5µm were 

prepared according to the small punch code of practice [251]. 
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3.2.6 Nanoindentation 

Nanoindentation has become a standard technique for characterising the 

nanomechanical properties of materials. Instead of applying a force and measuring the 

dimensions of an imprint like the method of microhardness testing, the 

nanoindentation technique creates an indentation to a required depth and the amount 

of force that is required to perform the indentation is measured. It is very useful at 

measuring small changes in microstructures such as welds. 

For this analysis, the hardness values of the oxide layers and the gamma prime depleted 

zone present below the oxides was analysed using accelerated property mapping 

(XPM) and scanning probe microscopy (SPM). A Bruker Hysitron TI 950 

nanoindenter was used to perform the analysis with a Berkovich indenter. A force of 

1000µN with a spacing of 1µm was used based on the research by Hintsala et al. [252]. 

 

3.2.7 Surface Roughness 

It is well known that surface condition can dramatically affect the fatigue initiation 

properties of a material as discussed in Section 2.4.2.2. It is believed the formation of 

the oxide scale will affect the surface roughness properties of the alloy and as such a 

number of methodologies are being investigated to determine the effect of oxidation 

on the surface roughness of the peened material. For this analysis Sa was used rather 

than Ra as the measure for surface roughness. Sa is an extension of Ra, the more 

commonly used linear surface roughness measurement, using areal measurements. 

This is seen as being a more accurate measure of surface roughness as it works on 3D 

rather than 2D information and is less likely to miss or conversely be influenced by 

anomalies within an investigated surface. 

50mm x 15mm x 3mm flat plates of peened FG RR1000 were exposed to each of the 

range of thermal exposures to produce the 1, 3 and 5 µm damage depths and one plate 

was left in the as received condition. Surface roughness measurements were then 

performed. 

Initially a Nanovea PS50 white light profilometer was used with a 300µm range pen, 

scanning a 4mm x 4mm area with 1µm step size in both axes. Levelling is performed 
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using a Gaussian filter according to ISO 16610 and the Sa values are calculated using 

ISO 25178. 

Also used for comparison purposes was an Alicona Infinite Focus using a 10 times 

magnification lens, with polarised filter to minimise the effects of glare. Levelling was 

also performed using a Gaussian filter according to ISO 16610 and the Sa values were 

calculated according to the standard ISO 25178.  

 

3.2.8 Microscopy 

The fractographic characterisation of the plain fatigue specimens was performed using 

a Hitachi SU3500. Fractographic analysis of the small punch specimens was 

performed using a Keyence VHX-700FE optical microscope. High magnification 

transmission electron microscopy (TEM) imaging was performed on a FEI Philips 

TECNAI F20. EDS on the TEM was performed using an Oxford Isis. Transmission 

Kikuchi diffraction (TKD) also known as transmission electron backscatter diffraction 

(t-EBSD) was performed on a Jeol 7000F SEM using a Crystal EBSD detector.  
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4 Results and Discussion 

4.1 Oxidation 

4.1.1 Thermal Oxidation 

4.1.1.1 Elemental Analysis 

The etched microstructure of the undamaged parent material is shown in Figure 45; an 

etch was used to highlight the grain boundaries. 

 

 

Figure 45: Light micrograph of parent material 

 

The dark particles are the primary γ’ at the grain boundaries and the lighter areas 

characterise the γ matrix. The composition of the parent material for the all the 

elements within the alloy is shown in Figure 46. 
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Figure 46 - EDS micrographs of parent FG RR1000 for the elements of RR1000 plus oxygen 
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The only discontinuities in an otherwise homogenous material is the presence of the 

nickel, titanium, tantalum and aluminium rich γ’ phase; the only elements that are not 

indicated in the scan are oxygen, carbon and boron. The carbon and boron are very 

light molecules that EDS typically has trouble resolving and the lack of oxygen is as 

would be expected for the unexposed as received parent material.  

The micrographic imaging following the thermal exposure can be seen in Figure 47. 

 

 

Figure 47: Light micrograph of a thermally exposed surface (polished surface at 900°C for 1000 

hours) 

 

As can be seen, there is a continuous scale below the nickel plating and Bakelite layers 

with protruding growths into the substrate. There is also an apparent γ’ depleted zone 

deeper into the bulk material. Of particular interest is the presence of previously 

unidentified orange particles throughout the γ’ depleted zone that require further 

analysis using EDS, seen in Figure 48. 
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Figure 48: EDS micrographs of thermally oxidised FG RR1000 for the elements of RR1000 plus 

oxygen 
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The oxidation map clearly shows the presence of oxygen near the surface. This 

corresponds clearly to the chromium scale at the surface and aluminium protrusions 

into the substrate. It is clear to see in the maps for the other elements (Ni, Cr, Co, Ta, 

Mo, and Zr) that they are depleted in the areas where oxygen is in its highest 

concentration. The oxide compounds are clearly visible in the micrograph in Figure 

47, allowing for easy measurements of the oxide damage levels requiring only high 

resolution microscopy not continuous EDS mapping. 

The orange particles from the micrograph match clearly with titanium elements in the 

EDS map. This can be assumed to be titanium ions diffusing to the surface to form 

oxides. It is also evident that there is discontinuous titanium doped within the 

chromium oxide layer. 

Finally, it can be seen, that there is an increased presence of hafnium within the γ’ 

depleted zone, this does not correspond to any oxygen, so it has been assumed that this 

is present as a result of the oxidation process but is not itself an oxide product. 

 

4.1.1.2 Oxide Characterisation 

During the initial high magnification imaging, it became apparent that there was an 

issue with the nickel plating separating from the oxide, as can be seen in Figure 49. A 

great deal of effort was made to adapt the mounting procedure to account for this, 

however, a suitable method was not found during this study. As can be seen in the 

micrograph however, there is good adherence of the chromium oxide scale to the 

specimen; the breaking away of the chromium oxide scale is the primary issue faced 

during oxide preparation procedures. Therefore it has been determined that even 

though there is separation, the nickel plating is still performing its job of protecting the 

scale. 
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Figure 49: Micrograph of oxidised specimen with separation of the nickel plating (polished 

surface at 700°C for 100 hours) 

 

Following a range of thermal exposures at different times, temperatures and surface 

preparation, the oxidation products of the extreme conditions were analysed to see if 

there was a change in oxide characteristics and morphology. A polished, lower 

temperature and short exposure specimen is compared directly to a specimen from the 

most damaging regime of high temperature, peened and longest exposure in Figure 50. 

 

 
 

Figure 50: Micrographs of oxides: (left) polished surface at 700°C for 24 hours and (right) 

peened surface at 800°C for 1000 hours 

 

The damage levels are to greatly different depths, however, the morphologies are 

essentially the same, and this is true throughout the analysis. There is a continuous 

chromium scale with varying levels of aluminium oxide intrusion into the substrate. 
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There are a number of factors previously discussed that will affect oxidation; surface 

condition, exposure temperature and length of exposure. Some direct comparisons 

have been performed to determine if there was any difference in the morphologies of 

the oxides formed; only one variable has been changed for each comparison pair. 

 

 

Figure 51: Comparison of thermal exposures on surface condition (750°C for 1000 hours):   

(left) peened and (right) polished  

 

As can be seen in Figure 51 there is very little difference in the morphology of the 

oxides. The chromium oxide scale seems more uniform on the polished specimen; this 

would be due to the smoother surface prior to oxidation. Also, the peened surface has 

an increased number of aluminium oxide fingers. Most notably, the oxidation on the 

peened surface is on average 1.4 to 1.5 times deeper than the polished specimen. 
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Figure 52: Comparison of exposure time on thermal exposure (polished surfaces at 800°C):  

(left) 100 hour and (right) 1000 hour   

 

The length of exposure seemed to have no dramatic effect on the morphology of the 

oxides formed, however, over time, the damage became more pronounced, as can be 

seen in Figure 52. The scale becomes rougher at the long exposures, and it can be seen 

that the aluminium fingers start to expand and in some places join up as they grow 

along the grain boundaries. 

 

 

Figure 53: Comparison of temperature on thermal exposure (polished surfaces for 250 hours): 

(left) 750°C and (right) 800°C  
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Figure 53 illustrates how temperature difference affects the oxidation; the 

morphologies are essentially the same, with a minor amount of cracking present in the 

scale of the 800°C specimen. 

As seen in many of the micrographs above, there is an issue of pore formation or 

cracking in the oxide scale at different points in the thermal exposures of the alloy. 

Temperature and surface treatment are the controlling factors; the pore formation/ 

cracking onset temperatures and times for this analysis are shown in Table 3 

 
Table 3: Time to pore formation/ cracking onset 

 Time to pore formation / cracking (hours) 

Temperature (°C) Peened Polished 

700 1000 None 

750 250 None 

800 24 100 

 

4.1.1.3 Oxide Damage Depth Measurements 

Initial study was undertaken to best determine how to value the oxide damage depth 

i.e. should the chromium oxide and aluminium oxide be measured together or 

separately. As such, the oxide depths of the chromium and aluminium were compared 

to determine if there was a correlation. A graph comparing the ratio of chromium oxide 

and aluminium oxide depth against the overall damage depth has been plotted in Figure 

54.  
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Figure 54: Comparison of the ratio of oxide depths and overall oxide depth 

 

As can be seen, there is no apparent correlation, meaning it would be unwise to 

consider the chromium and aluminium oxide thicknesses separately throughout the 

analysis. This is supported by analysis of the micrographs which show areas that 

present thicker chromium oxide scale tend to have shorter aluminium oxide fingers 

and vice versa. As such, throughout the analysis, the chromium oxide scale and 

aluminium oxide fingers will be measured together and from this point on will be 

referred to as the oxide depth. 

The oxide depths of the different thermal exposures can be seen in Figure 55 for the 

peened and polished specimens. 
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Figure 55: Oxide depth against time for polished specimens in the peened and polished 

conditions 
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It can be seen for both the polished and the peened specimens that as the temperature 

increases the oxide depth increases. The temperature increase of 50°C from 700°C 

showed an approximate double of the oxide damage depth at all lengths of exposure 

and the further increase of 50°C to 800°C showed an increase compared to the 700°C 

of over 4 times at exposure times over 24 hours. A regression analysis of each of the 

oxidation rates at different temperatures found that power law provided a good fit, with 

high R2 values for each. It can also be seen that at longer exposures, the lower 

temperatures reach a steady state at a shorter exposure than the higher temperatures.  

As can clearly be seen when comparing values from the 2 graphs that the peening has 

a dramatic effect on the rate of oxidation at all temperatures. Peening accounts for an 

approximately 50% increase in the oxidation rate at each temperature. 

To determine if there is a correlation between the oxide depth and the γ’ depleted depth 

a comparison was performed. The result can be seen in Figure 56. 
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Figure 56: A comparison of average oxide thickness to average γ' depleted depth 

 

As can be seen there is a clear correlation between the oxide depth and the γ’ depleted 

depth. This can be explained by the fact that aluminium oxides will form as a result of 

the depletion of γ’ from the substrate.  

 

4.1.1.4 Hardness Testing 

In order to ascertain the effect the thermal heat treatments had on the microstructure 

of the bulk of the exposed material, the mechanical test of Vickers Hardness was 

performed. The results can be seen in Figure 57. 
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Figure 57: Vickers hardness values of the heat-treated specimens 

 

As can be seen there is statistically no change in the hardness value across all the heat 

treatments meaning there is no discernible change in the microstructure of the 

specimens with regard to the plastic response.  

 

4.1.1.5 Thermal Oxidation Modelling 

As has been discussed in the literature review, a common method for modelling the 

oxidation of different materials and material variants is the use of the Arrhenius 

relationship shown in Equation 2.  
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Using the Arrhenius equation it can be seen that plotting a graph of the ln k against 

1/T will produce a straight line, the gradient of which is the activation energy divided 

by the gas constant. The reaction rate, k must first be calculated; this can be done using 

Equation 6. 

 
𝑘 =  

𝑑𝑛

𝑡
 6 

 

Where: 

k = rate constant 

d = thickness of the oxides 

n = empirical constant determining the rate law of the reaction 

t = time 

 

The value of k must be determined from experimental data. By plotting a graph of the 

natural log of time against the natural log of the oxide depth, it is possible to find the 

y intersect at each temperature which provides the natural log of the k value. The graph 

of this can be seen in Figure 58. 
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Figure 58: Graph showing the Ln(t) against the Ln(d) to provide the Ln(k) value for the 

polished specimens 

 

The Ln (k) value can then be plotted against 1/T and the activation energy 

determined. 
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Figure 59: A graph showing the Ln(k) against 1/T to calculate –Ea/R 

 

The gradient of the graph provides the negative of the activation energy divided by 

the gas constant. The activation energy for the polished specimens is 260 kJ/mol, and 

that provided through the same means for the peened specimens is 190 kJ/mol. 

It is believed that the reasoning behind the reduction in the activation energy 

following peening can be explained by the vacancy diffusion mechanism of short 

circuit diffusion that was explained in Section 2.3.1. This increase in the rate of pipe 

diffusion is due to the greatly increased number of dislocation imparted on the 

material during the highly damaging peening process [253]. Another potential 

mechanism for the decrease in activation energy is suggested by research conducted 

by Bertali et al (2016), which suggests that residual stresses in a material will 

increase the oxidation rate [254]. 
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4.1.2 Thermo-Mechanical Oxidation 

4.1.2.1 Oxide Damage Depth Measurements 

 

 

Figure 60: Oxide damage depth measurements for compressive (top) and tensile (bottom) 

loading at 700°C 
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As can be seen in Figure 60, the greater the load in both compressive and tensile 

regimes, the deeper the oxidation depth, up to approximately double the depth at the 

highest stress experienced. There is a greater effect of increased load at the lower 

loading regimes i.e. a greater damage depth difference between 150 and 300 MPa than 

450 and 600MPa in both compressive and tensile loading. It can also be inferred from 

the graphs that the compressive regime will result in more damage than the tensile 

loading; this is similar to results seen for the oxidation of pure nickel [107]. 

 

4.1.2.2 Hardness Testing 

Similar to the thermal exposure specimens, hardness testing was performed on the 

thermo-mechanical oxidation specimens in the bulk material away from the oxide 

product. The Vickers Hardness against time is shown in Figure 61. 

 

 

Figure 61: Vickers hardness values of the thermo-mechanical specimens against time 
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As can be seen from the above graph, there is no discernible correlation between the 

hardness value and the length of exposure under different loading regimes. It can be 

inferred that there may be a relationship between the applied stress and the resulting 

Vickers Hardness i.e. the higher the load in both tensile and compression, the lower 

the resulting average hardness value however it is not clear; therefore a graph of 

average Vickers Hardness against stress was plotted in Figure 62. 

 

 

Figure 62: Vickers hardness values of the thermo-mechanical specimens against applies stress 

with error bars showing a standard deviation 

 

It is clear to see there is a general trend in the data to a reducing hardness as a result of 

applied load. However, there is a great deal of statistical overlap in the data sets making 

any firm conclusions unwise.  
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Even with the statistical uncertainty it is apparent there is a trend in the Vickers 

Hardness response of the material; the higher the stress, the lower the hardness. Similar 

to the thermal exposure tests, the length of thermo-mechanical exposure has no 

apparent effect on the hardness value, suggesting that the change in mechanical 

properties happens within the first 24 hours (prior to the interruption of the shortest 

thermo-mechanical exposure performed) and is due only to some form of mechanical 

damage mechanism. 

As discussed in the literature review, creep is the mechanical damage mechanism that 

will occur during the thermo-mechanical exposures. Therefore, a better understanding 

of the creep behaviour of the material may assist in the understanding of the change in 

the hardness values. It may ultimately provide further insight into why thermo-

mechanical oxidation is more damaging than thermal oxidation. 

The creep response of RR1000 at 600MPa and 700°C can be seen in Figure 63. 

 

 

Figure 63: Creep strain against time for FG RR1000 at 600MPa 
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As can be seen, the total plastic strain accumulation increases noticeably throughout 

the periods for the thermo-mechanical exposures. This is shown more clearly in Figure 

64, which is a cropped version of Figure 63 highlighting the plastic strain accumulation 

within just this timeframe.  

 

 

Figure 64: Total plastic strain against time for FG RR1000 at 600MPa (260 hour) 

 

The plastic strain is approximately 0.006% at 24 hours, 0.03% at 114 hours and over 

0.08% at 260 hours. It would be assumed that performing plastic deformation on a 

material would increase its hardness due to the introduction of dislocations; however 

the opposite has been seen here. It is suggested that this increase in dislocations would 

lead to an increase in the availability of pipe diffusion pathways which would then 

increase the rate of dissolution of the tertiary γ’ phase, causing the decrease in the 

hardness of the material.  
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4.1.2.3 Thermo-Mechanical Oxidation Modelling 

The method of modelling thermo-mechanical oxidation is more complicated than that 

of the thermal oxidation, due to the addition of a mechanical stress. A version of the 

Arrhenius relationship shown in Equation 7 is commonly used in creep modelling to 

determine the activation energy for creep, by including a stress component.  

 

 
𝑘 = 𝐴 ∙ 𝜎𝑛𝑒−

𝐸𝐴
𝑅𝑇 7 

 

Where: 

k = rate constant 

A = frequency factor 

σ = stress 

n = stress exponent 

EA = activation energy 

R = gas constant 

T = temperature 

 

This equation has been operated to ascertain its applicability for use in modelling oxide 

growth. 

The stress exponent (n) is provided as the gradient of the plot of the natural log of the 

reaction rate against the natural log of the stress; this can be seen in Figure 65. 
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Figure 65: Plot of natural log of oxidation rate against natural log of stress to determine stress 

exponent 

 

The n value is then input into Equation 7. The value of A is assumed to be the same as 

that found during the thermal oxidation analysis for the 700°C study, as it is a 

frequency factor that is temperature dependant.  
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The values produced through this method shown in Table 4 are considerably larger 

than that from the thermal oxidation analysis (258.31 kJ/mol) suggesting that the 

oxidation would be reduced under load, however, as was seen in Figure 60, the 

application of load acts to raise the oxidation rate in both compression and tension. 

This method is therefore not viable as a method of calculating thermo-mechanical 

activation energies. 

A different approach was therefore pursued in an attempt to account for the applied 

stress. A modified version of Equation 7 was developed in order to produce an 

“apparent activation energy” (𝐸𝐴 + 𝑈(𝑟)𝜎) which encompasses the fundamental value 

of activation energy, plus a second term which is now used to determine stress 

dependence for the analysis; this allows for the same methodology to be used as the 

thermal oxidation activation energy calculations. 

 

 
𝑘 = 𝐴𝑒−

𝐸𝐴+𝑈(𝑟)𝜎

𝑅𝑇  8 

 

The equation for the 𝑈(𝑟) component can be seen Equation 9. 

 

 
𝑈(𝑟) = 𝑈𝑖 −

𝐴

𝑟𝑚
+

𝐵

𝑟𝑛
 9 

 

Where: 
U(r) = Potential energy at distance r 

Ui = Potential energy related constant 

r = distance between bonded atoms 

A,B = empirical constants 

m,n = empirical constants where m<n 

 

The results produced using this methodology can be seen in Figure 66. 
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Figure 66: A graph showing the relationship between activation energy and applied stress 

 

As can be seen there is a reduction in the apparent activation energy due to the 

application of load, which correlates to the increased oxidation damage seen in the 

specimens; this reduction does however occur over a quite small range. The simplicity 

of the model provides greater confidence in its applicability for use, of great 

importance must then be understanding the reasoning behind the change in the 

apparent activation energy under loading.  

A number of different mechanisms studying the mechano-chemical nature of the 

reaction were investigated in order to determine if they would contribute to the 

acceleration in oxidation rate under stress and account for the potential compressive 
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[107]. 
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The initial factor that must be considered to account for the potential oxide growth 

asymmetry is that there were compressive residual stresses remaining in the test pieces 

following machining that would act to effectively raise the applied compressive stress. 

As the full pedigree of these specimens is unknown, and none remain to perform 

further analyses, this area of investigation cannot be followed. 

The next area of investigation is based on the premise that the rate of oxidation 

reactions is largely controlled by the rate of diffusion of ions in the substrate [14], [53]. 

Applying a stress to a material is widely known to increase the diffusion rates in 

engineering materials in the form of diffusional creep processes such as the Nabarro-

Herring and Coble creep models. As was discussed in Section 2.3.1, and shown 

graphically in Figure 13, when the energy barrier Δga is met, an atom has sufficient 

energy to move between lattice locations, distorting the lattice. Under tension, the 

lattice would be favourably distorted lowering the energy required for diffusion; 

conversely this model would suggest that applying a compressive stress would act to 

reduce the rate of diffusion which is contrary to what is observed in the current results. 

It can therefore be assumed that this is not the rate controlling mechanism.  

The area of interest that provides the most compelling evidence to explain the stress 

effect is that of the internal residual stresses that form in the oxide products. There are 

a number of theories why residual stresses may form in oxides, two of the most 

common of which are discussed [255]. The first is the Pilling-Bedworth or volume 

ratio as explained in Section 2.3.2. The theory states that if an oxide scale was able to 

form and remain, then it has formed in a compressive condition. If it were in a tensile 

state, it would have spallated, resulting in more rapid oxidation rates. The second 

theory is that of a lattice mismatch causing imperfect epitaxy between the oxide and 

the substrate, resulting in a strain between these regions. A great deal of research has 

been conducted over the years in order to better understand the effects of these 

mechanisms [256]–[258]. It has been found for the wide range alloy systems tested, 

no matter the type of oxide layer that formed, a net compressive stress developed 

[259]–[262]. This supports the hypothesis that there is an oxide growth asymmetry 

between the test specimens held under a compressive and a tensile stress, as the 

residual stress would reduce the effective applied tensile stress and increase the 

effective applied compressive stress of the test specimens. 
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An alternative approach proposed by Basoalto is that presented in the Appendix IV, 

which gives a theoretical analysis for modelling the parabolic growth kinetics during 

oxidation of this  strengthened nickel-based superalloy. It is proposed that transport 

of oxygen ions (and therefore oxidation of the alloy) is maintained by the development 

of an internal stress state at the metal/ oxide interface. These stresses modify the 

chemical potential of oxygen ions and establish their flux from the free surface to the 

metal/ oxide interface. An analysis of the mechanical fields is presented that accounts 

for the viscoplascity of the / alloy as well as differences in the elastic properties of 

the oxide and metal. The relevant diffusion problem is solved and parabolic growth 

kinetics with scaling law ℎ ∼ 𝑡1/2 is predicted, where ℎ is the oxide scale thickness 

and 𝑡 the elapsed time. Expressions for the apparent activation energy are derived. The 

applied stress is shown to influence the apparent activation energy. Furthermore, the 

transformation stress at the metal/oxide interface results in an asymmetric apparent 

activation energy with respect to loading direction, with lower apparent activation 

energy under compression than tension.  
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4.2 Fatigue 

4.2.1 Pre-damaged Fatigue Testing 

The results from the pre-damaged fatigue testing programme are shown in Figure 67. 

 

 

Figure 67: S-N curve for different pre-damaged plane fatigue specimens tested at 700°C 

 

It was observed that overall, the damaging thermal exposures reduced the fatigue lives 

compared to that of the as received specimens, which was as expected [92], [168]. The 

maximum stress that was applied during this testing was based on the corresponding 

‘as received’ fatigue testing data from RR. It can be seen however, that there is a great 

deal of scatter at this stress; upon investigation it was found that this was around the 

elastic limit of the material at the test temperature as can be seen in the stress strain 

curve in Figure 68. 
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Figure 68: Stress strain response of FG RR1000 at 700°C 

 

Under load control fatigue testing conditions, it is possible to get a large variation in 

the amount of plastic strain that will be applied to the specimen when loading near the 

yield stress of the material. This can result in a large variation in the fatigue response, 

therefore, the data from the fatigue testing programme was replotted without the 

1050MPa tests in Figure 69. It can be seen that the data shows a better fit in this form 

than when the 1050MPa tests were included. 
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Figure 69: S-N curve for different pre-damaged plane fatigue specimens tested at 700ׄ°C without 

1050MPa data  

 

The life initially reduced for the 1µm heat treatment by over 90%, with a further drop 

to the 3µm of approx. 90%. It is however clear that the 5µm heat treatment surprisingly 

outperformed the 3µm heat treatment, lying between that and the 1µm heat treatment. 

It would ordinarily be expected that the increase in oxidation damage would lead to a 

decrease in the number of cycles to failure, as is shown to be the case from the 1µm 

compared to the 3µm and 5µm heat treatments. Also of interest is the difference in 

gradient of the S-N curves; the gradients of the S-N response for the as received 

material, and the 1µm and 3µm heat treatments are comparable suggesting a similar 

fatigue response/ mechanism. The 5µm heat treatment produced a much steeper 

gradient with lives at higher stresses similar to those of the 1µm heat treatment and 

those at the lower stresses closer to those of the 3µm heat treatment suggesting a 

different mechanistic response. 
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Investigations were undertaken based on the premise that these changes in mechanistic 

response and the life improvement were the result of a secondary, complementary 

mechanism occurring during the crack initiation or propagation stages. A number of 

potential causes have been investigated to determine the source of the unexpected 

result: 

1. Change in the bulk properties of the alloy 

2. Coarsening of the tertiary γ’ 

3. Plasticity effects due to the γ’ depleted zone 

4. Surface roughness effects 

5. Fatigue crack growth resistance due to subsurface recrystallisation 

Prior to the life change analysis, to determine the potential contributions of the 

initiation and propagation stages an effective initial flaw size analysis was conducted. 
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4.2.1.1 Effective Initial Flaw Size Analysis 

For this analysis, crack growth data for FG RR1000 at 700°C and 1050MPa was 

provided by previous analyses performed by Chris Pretty as part of his doctoral thesis 

[263]. The data set from this provides the values for C & m for Equation 4 which can 

be found in Section 3.2.3. The initial flaw size is assumed to be that of the oxidation 

heat treatment and the final flaw size is measured from the fracture surface of the 

fractured fatigue specimen; an example can be seen in Figure 70. 

 

 

Figure 70: Thermally exposed specimen indicating 5µm oxide flaw used for analysis 

 

The geometry factor can be determined from the experimental data using Equation 10. 

 

 𝐾𝐼 = 𝑌 Δ𝜎 √𝜋𝑎 10 

 

Where: 

 𝐾𝐼 = stress intensity factor 

Initial Flaw Size 
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The results from the effective initial flaw size analysis (EIFS) compared to the actual 

experimental values can be seen in Table 5. 

 

Table 5: Comparison of actual fatigue lives and predicted lives based on Paris law propagation 

prediction 

Damage Depth 

(µm) 
Actual Life Cycles 

Predicted Crack 

Propagation 

Cycles 

Ratio                

Predicted: Actual 

1 14023 1266 0.09 

3 6524 774 0.12 

5 3170 622 0.20 

 

For these calculations it can be seen that the actual life cycles data used for the 5µm is 

lower than that of the 3µm. This is due to the large scatter in the data (explained in 

Section 4.2.1) when testing near the material yield point. It was necessary to use the 

data at these test conditions as this was the only crack growth data available from a 

previous test programme that corresponded to the work completed. 

As can be seen there is a considerable disparity between the predicted results and the 

actual results suggesting that even with the prior oxidation damage, a large portion of 

the fatigue life is the initiation stage. The ratio of the actual to predicted life decreases 

as the heat treatment length increases suggesting that as the damage depth increases, 

fatigue cracks initiate more rapidly as would be expected.  
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4.2.1.2 Life Change Analyses 

Initially, small punch tensile tests were performed to determine if the different heat 

treatments resulted in a change in the mechanical properties of the bulk material away 

from any surface effects. The results can be seen in Figure 71. 

 

 

Figure 71: Small punch tensile curve for the heat treated conditions and as received material 

 

As can be seen there is no discernible difference in the small punch tensile response of 

the material after any of the heat treatments. Fractography was performed on the 

specimens to determine if there was a difference in the fracture response caused by the 

heat treatments. The results can be seen in Figure 72. 
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Figure 72: Fractographs of small punch tensile specimens a) as received b) 1µm damage c) 3µm 

damage and d) 5µm damage 

 

The fractographs show similar fracture responses; there is a ductile response from all 

heat treatments with a large amount of plastic deformation, with a crack initiating away 

from the centre of the punch causing tearing and lifting of a flap. This can clearly be 

seen in the 3D micrograph of an as received specimen post-test shown in Figure 73.  

 

a b 

c d 
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Figure 73: 3D representation of a fractured small punch tensile specimen 

 

The next investigation conducted was into the possibility of coarsening of the tertiary 

γ’ precipitates. As mentioned previously, the alloy contains a high percentage of the 

γ’ phase. Secondary and tertiary γ’ act to impede the movement of dislocations and 

retard fatigue crack growth, improving both the initiation and propagation resistance 

of a material.  

It has been shown by Schulz et al. [264] that at elevated temperatures the small tertiary 

γ’ within the gamma matrix may coarsen; it has long been known that precipitate size 

has an effect on the fatigue crack growth rates of a material. Two methods were 

employed to investigate this hypothesis; fatigue tests following vacuum furnace 

exposures and tertiary γ’ measurements using TEM micrographs.  

The fatigue tests were performed following thermal exposure using a vacuum furnace 

according to the heat treatment regimes in Appendix I. It was believed that by using a 

vacuum furnace, it would be possible to encourage any microstructural changes within 

the bulk of the specimen while halting the formation of the oxides. Had any discernible 

level of tertiary γ’ coarsening occurred it would be expected that the fatigue lives of 

the vacuum furnace exposed specimens should have longer lives than the as received 

specimens, and the specimens that underwent longer heat treatments i.e. 5µm heat 

treatment specimens should have longer lives compared to the other pre-exposed 

specimens. 
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Table 6: A table showing the average fatigue lives of test performed post vacuum heat treatment 

compared to AR data 

DHT 
Average no of 

cycles to failure 
SD 

Min 

cycles 

Max 

cycles 

As received 426288 261411 46223 835802 

1µm 279944 - - - 

3µm 171102 - - - 

5µm 193383 - - - 

 

At a first glance of Table 6 it would seem as though the average failure lives of the 

thermally exposed specimens are considerably shorter than the AR specimen, 

however, all the lives lie within 1 standard deviation of the AR data making it 

statistically irrelevant. It is believe the large scatter that occurs at the stress is due to 

the issues when performing fatigue loading close to the yield of a material as discussed 

in Section 4.2.1. The issues with the test stress being near the yield did not become 

apparent until after these tests had been completed.  

Due to the potential inaccuracies with the previous method and to ensure that any 

increase in life that may have been produced by tertiary γ’ coarsening was not being 

reduced through some other means i.e. life reduction through another mechanism, 

transmission electron microscopy (TEM) imaging was conducted to measure the 

tertiary γ’ in an as received specimen and in a specimen that had undergone a 5µm 

heat treatment. An example of an image used for the measurements can be seen in 

Figure 74. 
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Figure 74: TEM micrograph of secondary and tertiary γ’ in an as received specimen 

 

The results from the measurements of the tertiary γ’ are shown in Table 7. 

 
Table 7: Tertiary γ' measurements for specimens in 2 heat treatment conditions 

 Average Tertiary γ’ Size 

(nm) 
Standard Deviation 

As received 28 10.1 

5µm Heat Treatment 29 9.9 

 

As can be seen, there is no statistical difference between the γ’ size values of the 2 heat 

treatments. Upon further examination, when comparing these values to an existing 

tertiary γ’ growth model from RR is became apparent that the measurements taken 

were considerably too large and did not conform to a pattern previously seen by RR. 

This is likely due to a number of factors, firstly, an insufficient number of sample 
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images were used. Secondly, the resolution was not deemed high enough for this type 

of analysis. Lastly, there was believed to be a difference in the thresholding values 

used in the analysis; this is a common issue in the quantification of γ’ between 2 

different sources. The RR tertiary γ’ growth model is a predictive model based on the 

Ostwald ripening process and was populated with an extensive database of tertiary γ’ 

sizes following exposures at a range of times and temperatures, with imaging 

performed on a TEM. The output values from the model for average size of tertiary γ’ 

for each of the heat treatment conditions can be seen in Table 8. 

 
Table 8: Tertiary γ' measurements for thermally exposed specimens from RR predictive model 

 Average Tertiary γ’ Size 

(nm) 

As received 15 

1µm Heat Treatment 16 

3µm Heat Treatment 30 

5µm Heat Treatment 44 

 

These changes in the tertiary γ’ size are likely to have dramatically affected the creep 

response of the alloy, therefore affecting the time dependant fatigue characteristics of 

the specimens [265], [266]. Furthermore, in the case of the load control tests conducted 

at stresses near to the yield point of the material, it is also possible that microstructural 

changes may have altered the yield stress of the material, resulting in reduced plastic 

strain on loading, and hence increasing fatigue life. 

The next area of research interest was highlighted by work performed by Elber [267], 

[268], which suggests that an increase in the plasticity of a material, can lead to a 

decrease in the rate of fatigue crack growth due to the mechanism of plasticity-induced 

crack closure [269]. It is believed that the γ’ depleted zone of the alloy after oxidation 

will have increased ductility, leading to an increase in the plasticity of the region and 

that this would result in an increase in the effect of plasticity-induced crack closure 

and therefore an increase in fatigue life. Plasticity induced crack closure may produce 
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a reduction in the effective stress intensity range during crack growth, hence lowering 

the crack growth rate and increasing fatigue life. However, as this is a crack 

propagation mechanism, this may not have a significant contribution on the overall 

fatigue life, based on the findings of the EIFS calculations. In order to investigate the 

existence of this plastic zone, Accelerated Property Mapping (XPM) was undertaken 

in the oxidation region, the benefits of which were explained by Hintsala et al. [252]. 

A scanning probe micrography (SPM) micrograph of the XPM tested area with the 

indentations shown can be seen in Figure 75. 

 

 

Figure 75: SPM micrograph of the XPM scanned area 

 

The heat map from the XPM analysis can be seen in Figure 76. 
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Figure 76: XPM of the oxides, γ' depleted zone and substrate of 5µm thermally exposed 

specimen with legend 

 

As can be seen there are distinctly different hardness layers across the surface of the 

specimen. This correlates clearly to the composition that occurs after the oxidation 

reaction at the surface, as can be seen in the SEM micrograph in Figure 77. 
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Figure 77: SEM micrograph of surface oxides and evident γ' depleted zone 

 

It is difficult to assign a specific mechanism which results in the increase in fatigue 

life of the 5µm specimens, compared with 3µm. However, it is possible that the 

interaction between the alumina fingers and the ’ depleted zone may play a role. As 

is apparent in Figure 76, there is a dramatic change in the hardness values between the 

ceramic oxides at the surface and the γ’ depleted zone with the base material hardness 

values sitting between these two extremes. The γ’ depleted zone was found to be 

deeper for longer thermal exposures. It is therefore possible that the reduced hardness 

of this γ’ depleted zone acts to reduce the effectiveness of the crack initiation 

mechanism from the alumina fingers, hence increasing the fatigue life.  

An area of research that shows potential in explaining the increase in fatigue life for 

the more highly damaged specimens is that of crack tip shielding due to the presence 

of an interface perpendicular to the direction of growth of the crack. This has been 

investigated extensively [270]–[272], and it was found that when moving from a 
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material of lower hardness to a material of greater hardness, there would be a 

retardation in the crack growth rate [178], [273]. Mechanistically there are three 

potential events that can lead to an improved fatigue life; 1) crack tip blunting as the 

crack moves into the γ’ depleted zone, 2) relaxation of the crack tip stresses in the γ’ 

depleted zone, and 3) propagation of a crack through the barrier of the γ’ depleted zone 

into the as received material will lead to another barrier to crack growth. 

In order to provide meaningful data to the engineering community at large it is 

important to relate the results from the XPM to a more known method. It is possible 

to approximate the Hv values from the XPM output using Equation 11.  

 

 𝐻𝑎𝑟𝑑𝑛𝑒𝑠𝑠𝑉𝑖𝑐𝑘𝑒𝑟𝑠 × 0.009807 ≈ 𝐻𝑎𝑟𝑑𝑛𝑒𝑠𝑠 (𝐺𝑃𝑎) 11 

 

The data from the hardness tests is shown in Table 9. The nanoindentation values are 

taken from the colour contour brackets on the XPM legend. The formula output 

represents the values calculated from Equation 11 and some microhardness tests which 

were performed on the areas that were able to be tested using the microhardness tester 

in order to validate the equation. As can be seen by the comparison between Equation 

11 output and the microhardness values, there is a reasonable correlation, although it 

should not be relied too greatly upon. 

 
Table 9: Nanohardness, microhardness and calculated values of oxide and sub-oxide regions 

Location 
Nanoindentation, 

GPa 

Equation 11 

Output, 

Hv 

Micro hardness, 

Hv 

Oxides 15 – 42 1529.5 – 4282.7 1652.7 – 3508.2 

γ’ depleted zone 1 - 5 102.0 – 509.8 - 

Base alloy 5-10 509.8 – 1019.7 483.24 
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As part of another analysis, EDS mapping was performed in a TEM, on the oxide 

subsurface region, the finding of which further supports the nanoindenter research. 

Some interesting results were found that were not before evident from EDS scans using 

either the tungsten filament SEM or FEG SEM. This is believed to be the case due to 

the higher resolution available by the TEM. The result can be seen in Figure 78. 

 

 

Figure 78: TEM EDS maps of oxide and sub-oxide layers 

 

As is evident from the EDS analysis, there is a fully γ’ depleted zone as has been seen 

in previous research. Of more interest is the apparent presence of a partially γ’ depleted 

zone as is indicated by the change in concentration of the γ’ elements at a distance 

further from the surface. It is evident from the EDS scan that the small tertiary γ’ 

precipitates have been depleted from this region. The earlier dissolution of the tertiary 

γ’ is supported by the precipitation characteristics of tri-modal γ’; tertiary is the last to 
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form on cooling at around 900°C whilst secondary will precipitate at a substantially 

higher temperature of approximately 1050°C.  

To determine if surface roughness changes due to thermal exposure may play a role in 

the fatigue lives, heat treatments were conducted on peened flat plates and surface 

roughness values were measured. A graphical representation of the profilometer data 

that is used to calculate the Sa value for the as received specimen is shown in Figure 

79. 

 

 

Figure 79: Profilometry map for AR peened specimen from Nanovea 

 

The Sa values for the analysis conducted using the Nanovea are shown in Table 10.  
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Table 10: Sa surface roughness values produced by the Nanovea 

Thermal Exposure Sa Value (µm) 

As Received 1.686 

1 µm 0.274 

3 µm 0.162 

5 µm 0.121 

 

As can be seen this data shows a dramatic change in the Sa between the as received 

specimen and the heat treated specimens. When investigating the experimental 

procedure of the Nanovea it became apparent that there were issues with the scan as 

can be seen in Figure 80.  

 

 

Figure 80: A line of Nanovea profilometer scan data 

 

The Nanovea uses a raster scan system and shown is the output from a single line scan. 

The y axis shows a measure of the depth measured by the system; as can be seen, in 

many places the depth reads as 0. This is classed as a ‘dropout’ of the signal and is 

caused by scatter of the light, meaning no depth is measured for that location on the 
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specimens. For this reason, another method of surface roughness evaluation was 

deemed necessary.  

The alternative equipment used was an Alicona Infinite Focus microscope; an example 

of a height profile map that is produced by the equipment is shown in Figure 81. 

 

 

Figure 81: Surface height map for AR peened specimen from Alicona 

 

A useful function of the software that controls the Alicona system, is the presentation 

of a histogram with the scan data as can be seen in Figure 82. The values presented in 

the histogram are of little importance, however, the near normal distribution is as 

would be expected for this kind of data set and provides confidence in the validity of 

the output. 
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Figure 82: Histogram of data depth readings from Alicona 

 

The Sa surface roughness values for the Alicona are shown in Table 11. 

 
Table 11: Sa surface roughness values produced by the Alicona 

Thermal Exposure Sa Value (µm) 

As Received 1.353 

1 µm 1.328 

3 µm 1.308 

5 µm 1.277 

 

As can be seen, the increased oxidation will act to reduce the surface roughness, 

supporting the hypothesis and the decrease in the Sa may link to the increased fatigue 

life of the 5µm thermally exposed specimens. However, the reduction in surface 

roughness corresponds directly to the length of the thermal exposure, suggesting that 

if an improvement were to occur only as a result of the surface condition it would occur 

for all the thermal exposure conditions to some extent. 

The final area of study undertaken was based on research following a further literature 

study. In some nickel superalloys a recrystallised zone is present below the oxides 

formed at peened surfaces; this is especially true in coarse grained materials, but is still 

true in materials of grain size similar to FG RR1000. To determine if a recrystallised 

layer is present, initial FEG SEM imaging was conducted as can be seen in Figure 77. 
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Figure 83: SEM images to determine the presence of a recrystallised zone 

 

  



   

138 

 

As can be seen from this initial analysis, there is some evidence of microstructural 

change within the area around the aluminium oxide fingers. However, it is difficult to 

resolve the microstructure without etching, and etching causes too much damage to 

the oxide and surrounding area, resulting in unusable images. It was however decided 

from this analysis that there was enough evidence of the potential presence of 

recrystallisation to warrant further analysis using a higher magnification method; to 

this end, Transmission Kikuchi Diffraction (TKD) was performed on the area shown 

as Map Data 3 in the micrograph shown in Figure 84. 

 

 

Figure 84: Micrograph showing the location of the TKD scan 

 

The TKD data is shown in Figure 85; band contrast and inverse pole figure (IPF) Z 

maps have been discussed below. 
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Figure 85: TKD IPF maps data (top) band contrast (bottom) IPF Z 

 

The reason for the low indexing of the TKD scan is because the grains are so small 

that there is interaction between multiple grains through the thickness of the foil, 

giving overlapping Kikuchi bands. This means there is not a clear pattern for the 

system to resolve. The data is however useful, as it is possible to see that there are 

grains in the partially γ’ depleted zone that are clearly smaller than the 4-11µm prior 

grain size. It would appear that within the partially γ’ depleted zone there are a number 

of very small grains or structures. To support the TKD, high magnification TEM 

imaging was undertaken in this region in order to more clearly display these small 

grains/ structures.  
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Figure 86: (a) STEM of partially γ' recrystallised zone (b) SAD pattern from the marked area 

 

It can be seen from Figure 86 (a) that there is a very fine grain structure in the partially 

γ’ depleted recrystallised zone. Figure 86 (b) shows a Selected Area Diffraction (SAD) 

pattern from the circled area shown in Figure 86 (a), this area is polycrystalline with a 

strong texture (e.g. {011}<211> brass texture). The formation of surface oxides will 

produce strain subsurface of the alloy, which promotes deformation of the subsurface 

via dislocation slip and/or twinning. When the deformation is large enough, it may 

lead to the formation of new grains with a smaller size. If those refined grains were 

evolved from a prior grain and not completely recrystallized, the grains would show a 

strong texture which is related to the prior grain. This confirms that there is a complex 

grain structure of very small grains in this partially γ’ recrystallised zone. Research 

performed by Turnbull and De Los Rios found that reducing the grain size of their 

material reduced the crack growth rate in the microstructurally small crack regime 

[274]. They reasoned that this was because the distance a crack extends per cycle is 

related to the crack tip plastic displacement. By refining the grain size, the slip length 

ahead of the crack tip is limited, reducing the crack tip plastic displacement 

accordingly. However, the effect this will have on the fatigue properties of the alloy 

will be very complex due to the changes in grain size as well as variations in γ’ particle 

size and distribution compared to the bulk material.  

a b 
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The work conducted during the life change analysis can be separated into 2 categories: 

 Mechanisms that have no effect: 

 There is no change in the bulk mechanical properties i.e. tensile 

properties, as a result of the heat treatments. 

 Possible life improvement contributing effect: 

 Utilising a tertiary γ’ coarsening model developed by RR, it can be 

determined that coarsening of the tertiary γ’ is occurring due to the 

3µm thermal exposure and dramatically as a result 5µm thermal 

exposures. This change in the γ’ size will likely have a dramatic 

effect on the creep response, and as a result, the time dependant 

fatigue response of the alloy. These microstructural changes will 

also likely affect the fatigue properties of the tests conducted near 

the yield point. 

 Nanoindentation found a dramatic change in the plastic properties 

of the oxide layers, the fully γ’ depleted zone and the bulk material. 

This will likely lead to a mechanism of crack tip shielding as a 

result of the crack growing perpendicular to a soft-hard interface of 

the γ’ depleted zone and the bulk material.  

 The surface roughness decreases with increasing length of thermal 

exposure and it is hypothesised that this is due to the effect of the 

chromium oxide scale ‘healing’ the peened surface. The extent to 

which this would affect the crack initiation rates is unclear. 

 There is evidence of recrystallisation of the grains below the 

chromium oxide scale in the fully γ’ depleted zone, and there is 

some evidence of a very fine grain structure in the partially γ’ 

depleted zone. This may improve fatigue crack growth resistance 

during the microstructurally small crack stage by reducing the 

crack tip plastic displacement.  
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4.2.1.3 Crack Pathway 

As previously discussed, Jiang et al. (2015) [50] and Bílý (1993) [174] investigated 

the crack initiation locations and growth routes of oxidised nickel based superalloy 

specimens. A microscopic analysis of the cross section of fractured fatigue specimens 

was undertaken in order to determine the crack initiation location and growth pathway 

of the oxidised FG RR1000. Specimens in etched and polished conditions were imaged 

as appropriate for the analysis.  

First, the low maximum stress fatigue test specimens were imaged to determine the 

presence of cracking; example images can be seen in Figure 87. For the purposes of 

this section of the study, low stress refers to 850MPa and high stress refers to 1050MPa 

test specimens. 
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Figure 87: 5µm 850MPa fatigue tested specimen crack pathway image analysis 

 

  

a 

b 



   

144 

 

Figure 87a shows cracking in the chromium oxide scale, which has however, been seen 

throughout the thermal heat treatments so may be an artefact of the preconditioning 

heat treatment. Of more interest is the apparent cracking in the aluminium oxide 

fingers, and possible cracking along the chromium oxide and aluminium oxide 

interface. This seems to be a very early stage in crack formation and no other cracks 

of this stage were found during the analysis, suggesting that this stage is very short and 

once it is initiated it develops quickly to a greater damage as seen in Figure 87b. It is 

difficult to tell from this image where the crack initiated from and propagated for two 

reasons. During the process, to protect the oxides, the nickel plate penetrates the crack 

making it difficult to determine the surface characteristics of the crack, and therefore 

its initiation. The second reason is the extensive oxidation around the crack, making it 

difficult to determine the crack propagation path. There were very few other cracks 

within the lower stress specimens. 

High stress specimens were then analysed as can be seen in Figure 88. A greater 

number of cracks were present throughout the specimens of varying depths; secondary 

side cracking was also prevalent from these primary cracks at the higher maximum 

stresses.  
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Figure 88: 5µm 1050MPa fatigue test specimen crack pathway image analysis 

 

In order to more clearly determine the crack propagation pathways, the specimens 

were etched to highlight grain boundaries as shown in Figure 89; it was clear 

throughout that the cracks commonly followed the grain boundaries, as highlighted by 

the presence of the primary γ’ phase.  
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Figure 89: 5µm 1050MPa fatigue test specimen crack pathway etched image analysis 

 

All the cracks from the high stress specimens show considerably less oxidation than 

that of the lower stress specimen. This aligns to the shorter lives of the higher stress 

specimens i.e. less time at temperature. The ratio of oxidation depth to crack length 
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shows how much shorter the crack grew over time compared to the cracks at the higher 

temperature.  

The conclusions from the analysis are therefore: 

 Cracks at lower stresses apparently initiate from within the aluminium oxide 

fingers and the chromium oxide and aluminium oxide interface. 

 Cracks initially propagate along grain boundaries i.e. inter-granular. 

 Higher stress specimens have greater amounts of cracking throughout the 

specimen. 

 Cracks propagate quicker at higher stresses. 
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4.2.2 Notch Fatigue 

As can be seen from the plain fatigue data in Figure 90, the life reduction caused by 

the 3µm heat treatment resulted in a reduction in life compared to the as received 

material of approximately 99.7%.  

 

 

Figure 90: S-N data for as received and 3µm pre-exposed plain fatigue specimens 

 

The S-N curves for the as received and 3µm 1.55 kt notched specimen can be seen in 

Figure 91. 
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Figure 91: S-N curves for shallower notches at 2 temperatures 

 

It can be seen that the shallow notch results in a greatly reduced fatigue sensitivity to 

oxidation damage when compared to the plain specimens. The same can be seen for 

the S-N data for the deeper notch in Figure 92. 
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Figure 92: S-N curves for deeper notches at 2 temperatures 

 

It can be seen that the deeper notches show even less sensitivity to oxidation damage 

than the shallow notch. As previously discussed, oxidation is believed to greatly 

influence primarily the crack initiation stage of the fatigue process. In notch fatigue, 

the notch is the primary cause of the initiation by localising the plastic deformation at 

the stress raiser. Essentially, in the notched specimens it is likely that the notch is acting 

to initiate the cracks at very low fractions of the total life, prior to the effect any oxide 

damage would have, resulting in the majority of fatigue life being crack propagation. 

This is a very important consideration for turbine disc components, in which there are 

a great many stress raising features; the initially dramatic results found during the plain 

fatigue pre-exposure testing will not be as detrimental as initially indicated. 
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4.2.3 Thermo-Mechanical Oxidation Pre-exposed Fatigue 

 

 

Figure 93: Maximum fatigue stress against number of cycles to failure 

 

As can be seen from Figure 93 the higher the applied stress, the lower the fatigue  life; 

however it does not seem to be clear when plotted in this way if there is a relationship 

for how the thermo-mechanical oxidation pre-fatigue damage affects the S-N response 

of FG RR1000.  
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Figure 94: Thermo-mechanical oxidation stress against number of cycles to failure 

 

It can be seen that the specimens tested at 1000MPa had shorter lives than those tested 

at 950MPa, which is as would be expected. For the 1000MPa fatigue tested specimens, 

it can generally be seen that as the load during the thermo-mechanical oxidation 

exposure increases, the life to failure decreases. Of particular interest is how this 

relationship seems to be inverted for the 950MPa specimens. The reasoning behind 

this is unclear and it is highly possible that it may be a result of the scatter that is a 

characteristic of fatigue testing. Due to a limitation in test specimens it has not been 

possible to investigate further.  
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5 Discussion 

As mentioned in the introduction, a common discussion section has been written to 

draw together the key findings of the two research areas into one section.  

Initially the elemental analysis of the oxidation products of fine grain RR1000 was 

conducted and it was found that chromium oxide scale and aluminium oxide fingers 

are the primary oxide formers. Titanium oxide was also found doped throughout the 

chromium oxide scale; a literature search has found that titanium oxide doping is 

detrimental to oxidation rates in nickel superalloys. 

This then led onto an extensive study of the oxides formed under a range of different 

conditions. This was performed in order to understand the effect on the overall 

oxidation rate and morphology as surface condition, exposure time and temperature 

were varied. It was found that any combination of increasing temperature, increasing 

surface roughness and increasing exposure time led to more extensive oxidation 

damage. Pores and cracking were also found to occur in the chromium oxide scale, 

more prominently in the peened specimens at lower temperatures and shorter exposure 

times. 

Another key finding of this initial analysis was the mechanistically linked nature of 

the formation of the chromium oxide and aluminium oxide i.e. areas where the 

chromium oxide scale is thicker the aluminium oxide fingers are shallower and vice 

versa, the ‘oxide damage depth’ throughout the analysis is considered as the combined 

depth of the chromium oxide and aluminium oxide. Oxidation of FG RR1000 is found 

to be a self-mediating process. At all temperatures and surface conditions investigated, 

a regression analysis was performed and a power law relationship found excellent fit. 

There is also a clear linear correlation between the γ’ depletion depth and the oxidation 

damage depth. 

A study using Vickers hardness testing approach found that the thermal oxidation heat 

treatments had no effect on the hardness properties of the bulk material which is as 

would be hoped at these temperatures. This suggests no change in the bulk properties 

of the substrate alloy due to the thermal exposures. 

In an effort to quantify the oxidation reaction, and allow for numerical comparison 

between different conditions, a methodology for using the Arrhenius equation to 
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determine the activation energy for the oxidation reaction was undertaken for the alloy 

in the peened and polished conditions. The activation energy for the peened specimens 

was lower than that of the polished specimens. This was most likely due to increased 

surface area and the effect of compressive residual stresses input into the surface 

region during the peening process increasing oxidation rates similar to the mechanism 

seen in the thermo-mechanical oxidation analysis. 

Following the experimentation using thermal only heat treatments, the testing was then 

expanded to include the application of load to the thermal exposure profiles. It was 

found that oxidation accumulation rates under thermo-mechanical conditions were 

accelerated by approximately 2 times at the highest stress condition compared to the 

no load condition. It was also found that compressive stress resulted in a greater 

damage depth of oxidation than an equal and opposite tensile stress at all stresses and 

temperatures tested. 

Vickers hardness testing was also undertaken following the thermo-mechanical 

oxidation exposures and they were found to have an effect on the hardness properties 

of the alloy. The higher the applied load during the exposure, the greater the reduction 

in hardness value. This is seemingly independent of exposure time and is therefore 

believed to be as a result of damage imparted on the specimens during the primary 

creep loading stage.  

In an attempt to provide comparable results to the thermal only exposures, the 

Arrhenius methodology was adapted to produce an ‘apparent activation energy’ value 

encompassing a component of applied stress and inter-nuclear spacing to more 

accurately model the tensile and compressive stress oxidation asymmetry. The values 

calculated during the analysis fit well with what is understood of the thermo-

mechanical oxidation characteristics of the alloy and provide confidence in the validity 

of the approach. In order to better understand what was occurring during the thermo-

mechanical reactions, a theoretical analysis was undertaken. A model for anion 

movement was produced and found good correlation with the experimental findings. 

Using the knowledge gained of the oxide growth characteristic of the alloys, it was 

then important to understand how this oxidation damage would affect its mechanical 

properties. As such, an oxidation thermal exposure schedule was outlined in order to 
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produce damage depths within the material of 1µm, 3µm and 5µm combined 

chromium and aluminium oxides. Fatigue was the mechanical property investigated 

throughout as it was deemed most relevant to the alloy in service. 

Oxidation heat treatment pre-damaging of plain fatigue specimens causes a reduction 

in fatigue life compared to as received specimens. The 3µm oxide depth pre-exposed 

fatigue specimens had considerably shorter lives than the 1µm damaged specimen. 

There was a surprising improvement of the life of the 5µm damaged plane fatigue 

specimen compared to the 3µm specimen, with the S-N curve lying between the 1µm 

and 3µm curves. The reasons for the life improvement were investigated and those 

found to possibly contribute are; coarsening of the tertiary γ’, the presence of a sub-

surface plastic zone, a surface healing chromium oxide scale and the presence of 

recrystallised grains which are all believed to affect the fatigue initiation and 

propagation characteristics of the material. 

Tertiary γ’ size was found to increase dramatically as a result of the thermal 

exposures undertaken throughout the study. This change in microstructure will 

affect the fatigue life in a couple of ways; firstly, during fatigue tests in which 

creep will also occur, the tertiary γ’ size will have a large effect as these particles 

are an important factor in controlling diffusional creep rates. Secondly, the 

fatigue response near the yield point will likely be altered as a result of these 

changes, changing the elastic and plastic properties of the material. 

Nanoindentation found a dramatic change in the plastic properties of the oxide layers 

and the fully γ’ depleted zone. The complex relationship between the increasing depth 

of ductile material and very hard, brittle ceramic like oxides are believed to contribute 

to variations in crack initiation rates; however more research is required to understand 

the mechanism. The interaction between the soft γ’ depleted zone and the harder bulk 

material is believed to result in a mechanism of crack tip shielding due to plastic zone 

interactions ahead of the crack tip. This would lead to a reduction of crack growth 

rates. 

As the level of oxidation damage increases, the areal surface roughness, Sa value 

decreases due to the ‘healing’ effect of the surface chromium oxide scale. Fatigue 

cracks initiate from surface defects; it is therefore hypothesised that the reduction in 
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surface roughness will decrease crack initiation between the 3µm and 5µm specimens. 

If this was the only mechanism there would be a life improvement throughout all the 

increasing oxide damage levels so it is suggested this mechanism is complimentary to 

another. 

There is evidence of recrystallisation of the grains below the chromium oxide scale in 

the fully γ’ depleted zone, and there is some evidence of a very fine grain structure in 

the partially γ’ depleted zone. This may improve fatigue crack growth resistance due 

to increased crack deviation, however, this is a complex mechanism and requires 

further analysis to determine if it is beneficial. 

An Effective Initial Flaw Size (EIFS) numerical analysis was also conducted to 

determine if the oxidation damage would lead to purely crack propagation or if there 

would still be a crack initiation component to the fatigue failure. It was found that there 

was a big difference between the predicted and the actual values suggesting is still a 

large initiation stage; the difference between the predicted and actual values for the 

higher damage specimens reduced suggesting a reduction in the initiation life; this is 

as would be expected. 

To support the findings of the EIFS calculations a microscopy analysis was undertaken 

in an effort to determine the location of any crack initiation sites and propagation 

pathways. It was found that at low stresses, few crack formed along the specimen 

surface and propagation rates were slower, and at higher stresses many more cracks 

formed and propagated faster. Etched specimens highlighted the crack propagation 

pathways along the grain boundaries (intergranular). It was possible to see from 

limited data that cracks formed from within the aluminium oxide fingers and at the 

chromium oxide and aluminium oxide interface; however, due to the sparsity of this 

data it is unwise to overstate the conclusions without more supporting research. 

In an effort to better emulate the characteristics of components that experience fatigue 

in service, notch fatigue tests were then performed on specimens of 2 different size 

notches at 2 temperatures on pre-exposed and as received conditions. Specimens were 

pre-oxidised to the most damaging level from the plane fatigue testing programme i.e. 

3µm. The oxidation damage was found to have a greatly reduced effect on the fatigue 

life when compared to the plane specimens. This is advantageous as components in 
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service are more similar to the notch specimens than the plane specimens and notches 

tend to be the life limiting factor independent of the oxidation damage. 

In an effort to determine if there was a link between the thermo-mechanical heat 

treatment and fatigue life, a small testing programme was undertaken to close out the 

project. It was found that a higher pre-exposure stress results in a reduction in the 

fatigue life of the alloy. There is however, no apparent correlation between the lower 

and higher stress data sets beyond this. It is believed this may be a result of the scatter 

innate within fatigue testing and with the limited number of test specimens available 

it has not been possible to investigate this suitably. 
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6 Conclusion 

 Fine grain RR1000 oxidation results in the formation of chromium oxide 

diffusing from carbides and aluminium oxide fingers and island diffused from 

γ’. Titanium oxide (also from γ’) will also irregularly dope the chromium oxide 

scale. 

 Increased temperature, increased exposure time, increased surface roughness 

led to greater oxidation damage. 

 Chromium oxide and aluminium oxide growth is linked and has been 

considered together throughout the analysis when determining oxide damage. 

 Applied stress during thermal exposure has been found to markedly increase 

the oxidation rates within the alloy. 

 An Arrhenius approach was utilised for the oxidation reaction to quantify the 

reaction rates: 

o Activation energy was calculated for the thermal exposure tests 

 Peened specimens had a lower activation energy than the 

polished specimens 

o A method for determining the ‘apparent activation energy’ was 

proposed and found good correlation with the data 

 Application of load resulted in a decrease in the apparent 

activation energy required to initiate the oxidation reaction 

 Compressive loading resulted in a greater reduction in 

activation energy than applied tensile loads 

 A model based on the effect internal residual stresses have on 

the rate of anion diffusion has been proposed, and has found 

good correlation with the experimental results. 

 A study was conducted into the hardness properties of the alloy following the 

thermal and thermo-mechanical exposures: 

o The thermal exposures showed no change in the hardness properties of 

the substrate material 

o The thermo-mechanical exposures resulted in a reduction in the 

hardness properties of the alloy. This seems to be a result of the loading 

magnitude and independent of the exposure time and is likely linked to 

increased diffusion of γ’. 
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 Fatigue testing of thermally exposed plane specimens found that there was a 

reduction in fatigue life compared to as received specimens. 

 There was however an unexpected improvement in fatigue life for specimens 

damaged to 5µm, which S-N data lay between that of specimens damaged to 

1µm and 3µm. There are a number of potential reasons for this: 

o γ’ coarsening following thermal exposure changing the properties of 

the material 

o Sub-surface/ sub-oxide soft zone formed by the depletion of γ’ resulting 

in a crack tip shielding mechanism 

o Reduction in surface roughness caused by ‘healing’ by the chromium 

oxide scale  

o Recrystallisation in the sub-oxide scale region and very fine grain 

structure in the partially γ’ depleted region 

 Effective Initial Flaw Size (EIFS) found that the ratio of initiation to 

propagation life at all damage levels is highly geared towards initiation 

suggesting a life improvement mechanism that effects initiation is more likely 

to be life affecting. 

 Microscopy analysis of the fatigued specimens found that at lower stresses less 

cracks formed and cracks propagated slower than in the higher stress 

specimens. Cracks were found to initiate within the aluminium oxide fingers 

and along the chromium oxide and aluminium oxide interface. 

 Notched fatigue tests found that the effect of oxidation on the fatigue properties 

of service components would likely be minimal compared to the harsh 

geometries imposed on the components themselves. 

 Thermo-mechanical heat treatments may have an effect on fatigue life; 

however, without a more thorough analysis i.e. a larger test matrix, it is not 

possible to draw any significant conclusions. 

  



   

160 

 

7 Further Work 

 There are a number of different thermal oxidation experiments using a simple 

desktop furnace that would be interesting to perform in order to better 

understand their effect on the oxidation reaction rate: 

o Lower temperatures 

o Higher temperatures 

o 2 stage temperatures: High to low 

o 2 stage temperatures: Low to high 

 

 In this study the effect of only one peening condition on the rate of oxidation 

was analysed. As different peening options are considered for future rotative 

parts, an understanding of how the oxidation characteristics may be affected is 

very important. 

 

 Determine if there is a method of comparing activation energies calculated 

using oxide thickness measurements and activation energies using thermo-

gravimetric analysis. It would also be of great interest to determine if oxide 

thickness is a suitable means of calculating the activation energy for other 

alloys, and for those that it is, produce a database.  

 

 With a greater number of plain fatigue specimens it would have been desirable 

to determine the oxide damage depth at which the increase in life occurs and 

then at what point the mechanism peaks, and reverses again. This may also 

ultimately aid in the explanation of why this mechanism occurs.  

 

 It would also be of great interest to see if the mechanism repeats in the coarse 

grain variant of RR1000, and then ultimately repeat the tests on a wide range 

of nickel superalloys with large ranges of γ’ contents to see if this is a factor. 

It could be determined if life improvement was potentially related to precipitate 

size/ volume fraction or grain size. 

 

 An interesting follow on from the thermo-mechanical oxidation analysis was a 

question raised with regards to creep damage. Is the increase in oxidation 
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caused as a result of only the plastic damage to the specimen or also some 

effects from the elastic loading. Would the increased rate of oxidation continue 

if the load was removed after plastic damage was imparted or is the oxidation 

rate only increased while the mechanical loading is present. Testing could be 

performed after a number of specimens have been loaded through a primary 

creep stage for up to approximately an hour then removed from load and left 

to oxidise under thermal only conditions and the results could be compared to 

standard thermo-mechanical oxidation tests. 

 

 The engine conditions in operation are far more complex than those studied 

throughout this analysis. Thermo-mechanical fatigue (TMF) is being studied 

broadly for aero-engine materials as it is more representative of an engine in 

operation. It would be very interesting to measure the oxidation damage 

accumulation rates during the various TMF interactions, from in phase, out of 

phase, 90° clockwise and anticlockwise and also at 135° clockwise, the TMF 

phase angle most representative of the flight cycle. The phase angle referred to 

in TMF is the phase time difference between the stress cycle and the thermal 

cycle and is most easy described by Figure 95 [275]. 
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Figure 95: Thermo-Mechanical Fatigue Phase Angle Schematic 

 

o Another analysis should be undertaken to link the current study with 

the proposed TMF study. Cyclic thermal oxidation testing is suggested 

as it would allow for comparisons to the thermal oxidation tests to 

understand the effects of fluctuating temperature, and also to the TMF 

to isolate what proportion of oxidation is caused by the fluctuating 

temperature and what is the due to loading effects.  
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Appendix I 

 

Appendix I: Table 1 - Test matrix for thermal exposure tests 

Temperature 

(°C) 

Hold (hrs) Repeats 

700 

24 

3 

100 

250 

1000 

750 

24 

100 

250 

1000 

800 

24 

100 

250 

1000 
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Appendix I: Table 2 - Thermo-mechanical oxidation test matrix 

Stress 

(MPa) 

Temperature 

(°C) 

Hold 

(hrs) 
Test frame type Repeats 

-600 

700 

24 

Electric Screw 

2 

100 

250 

-450 

24 

100 

250 

-300 

24 

100 

250 

-150 

24 

100 

250 

0 

24 

Furnace 100 

250 

+150 

24 

10:1 Constant Load 

Creep 

100 

250 

+300 

24 

100 

250 

+450 

24 

100 

250 

+600 

24 

100 

250 
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Appendix I: Table 3 – Thermally pre-exposed fatigue test matrix  

Max Stress 

(MPa) 

Damage 

Depth (µm) 

Test 

Temperature 

(°C) 

Waveform 
Frequency 

(Hz) 

R 

ratio 

1050 

1 

700 Trap 0.25 0.05 

1050 

1025 

1000 

975 

975 

925 

900 

1050 

3 

1000 

950 

925 

900 

875 

850 

1050 

5 

1050 

1025 

1000 

975 

975 

950 

900 

850 
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Appendix I: Table 4 - Thermal pre-exposures 

Damage Depth 

(µm) 

Time 

(hours) 

Temperature 

(°C) 

1 72 700 

3 211 740 

5 310 762 

 

Appendix I: Table 5 – Vacuum furnace thermally pre-exposed fatigue test matrix 

Max 

Stress 

(MPa) 

Damage 

Depth Heat 

Treatment 

(µm) 

Repeats 

Test 

Temperature 

(°C) 

Waveform 
Frequency 

(Hz) 

R 

ratio 

1050 

1 
2 

700 

Trap (24 

hours) / Sine 

(remainder) 

0.25(24 

hours) / 1 

(remainder) 

0.05 3 
2 

5 
2 

 

  



   

188 

 

 

Appendix I: Table 6 - Notched fatigue test matrix 

Nominal 

Stress 

(MPa) 

Test Temperature 

(°C) 

Stress 

Concentration 

Factor, kt 

Waveform R ratio 

Pre-

exposure 

depth (µm) 

900 

400 

1.55 

Sine 0.05 

3 

1000 

1065 

1150 

1200 

1300 

900 

700 

1000 

1050 

1150 

1200 

1300 

1000 

400 

2.29 As received 

1200 

1200 
700 

1300 

900 

400 

2.29 3 

1000 

1200 

900 

700 1000 

1200 
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Appendix I: Table 7 - Thermo-mechanical oxidation fatigue interaction test matrix 

Test 

Temperature 

(°C) 

Thermo-

mechanical 

oxidation - Stage 1 

Fatigue - Stage 2 

Stress 

(MPa) 

Hold 

Time 

(Hrs) 

Max 

Stress 

(MPa) 

R ratio Frequency Waveform 

700 

150 

114 

950 

0.05 

0.25(24 

hours) / 1 

(remainder) 

Trap (24 

hours) / 

Sine 

(remainder) 

1000 

300 
950 

1000 

450 
950 

1000 

600 
950 

1000 

 

Appendix I: Table 8 - Small punch test matrix 

Pre-exposure Depths 

(µm) 

Test 

Temperature 

(°C) 

Displacement rate 

(mm/min) 
Repeats 

As Received 

700 0.5 2 
1 

3 

5 
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1. INTRODUCTION 

A standard procedure is required for the assessment of oxidation and corrosion of high temperature nickel 

based superalloys to ensure the consistency of the data generated, by minimising sources of technical 

variations. 

2. SCOPE 

Swansea University oxidation and corrosion damage assessments are currently being performed by 

observing the cross section of exposed samples to analyse and measure the oxidation/ corrosion scale and 

subsurface features, in line with that used with Rolls Royce. This document will cover the procedural 

aspects of this analysis technique with focus on high temperature nickel based superalloys.  

3. SPECIMEN PREPARATION BEFORE EXPOSURE 

Material should be prepared as small rectangular plates where possible, 20 x 10 x 2 mm in size, using low 

cutting speeds (<0.05 mm/min) to limit plastic deformation. Oxidation behaviour is surface-finish 

dependent and so the standardisation of the surface topography is required in all instances where the effect 

of surface finish is not being studied. All surfaces of any specimen should be ground, with progressively 

finer SiC grit size finishing with a 1200 grit grind for five minutes duration. Consistent grinding limits 

differences in residual surface damage and stress concentrations arising from surface topography. Edges 

and corners should be chamfered at approximately 45 degrees by around 0.5 mm on all edges and corners. 

Samples should be subsequently polished to a surface finish of Ra between 0.2 and 0.3 μm using 

progressively finer diamond solution with appropriate lubricant and polishing pads. Samples for furnace 

exposure should be placed in a clean, contaminant-free alumina boat during exposure. 

4. FURNACE EXPOSURE 

For these tests it is recommended that an available SNOL 8,2/1100 from the ISM Met Prep room be used. 

This is a high accuracy electric muffle furnace, with the temperature monitoring undertaken using a suitable 

thermocouple. A laboratory air environment is suitable in all cases where the atmosphere is not the variable 

of study, with water vapour levels currently not controlled. At the predetermined time intervals specimens 

are removed and left to air cool prior to cross sectional analyses. This method assumes that no spallation 

occurs during the cooling-heating process; if spallation occurs, a lidded alumina boat should be used and 

the specimen should be weighed with and without the spalled material.  
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5. SPECIMEN PREPARATION AFTER EXPOSURE 

The samples to be analysed using cross-sectional analysis should be gold sputtered and nickel plated prior 

to mounting in Bakelite. The samples should then be polished to a finish ready for SEM imaging. 

a) Gold Sputter Coating 

1. Prior to sputter coating, samples should be cleaned using a soft tissue soaked in acetone on 

each side of the specimen (this stage should be avoided if there is evidence of spallation. 

2. Place the sample on the coater sample tray (ensuring acetone has dried prior to placement 

in chamber). 

3. Ensure argon gas supply is open and the regulator gauge is reading approximately 0.3bar. 

4. Adjust the coater sample table height, so that the target to sample distance is approximately 

35mm (For samples with complicated geometry e.g. porous or finely detailed, see 

instruction manual section 5.2 for further instruction). 

5. Close the top-plate and pump chamber by turning on the sputter unit (if buzzing noise 

comes from unit ensure top-plate is fully sealed by applying light pressure to top of plate). 

6. If the unit has not been used recently or is being used with different conditions, perform 

stages 6.1 to 6.3. If the unit has been used frequently using the same conditions proceed to 

stage 7. 

6.1. Check the timer value on the digital display. If necessary, press PAUSE/TEST and reset the 

process time (30 secs is often used for ISM applications). 

6.2. Check the pre-set sputter current value by pressing SET mA and adjust if 

necessary (30mA is often used for ISM applications). 

6.3. Select MANUAL, press FLUSH, wait for 3 – 5 seconds and press LEAK. Wait for 

the pressure to stabilize, check the pressure and adjust if necessary using the knob 

on the rear of the sputter unit (0.08mb is often used for ISM applications).  
7. Select AUTO and press CYCLE. 

8. When the timer resets the coating is complete. Switch of the sputter unit and wait for the 

chamber to fill, then lift the top-plate and remove the sample.  

9. The sputter coater functions by line of site, therefore, the sample should be rotated, and the 

procedure repeated for each face. 
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b) Nickel Plating Procedure 

Once the samples have been gold coated sputtered, they should be coated using a bright nickel plating 

solution.  

Equipment List 

 Power pack 

 Hot Plate with magnetic stirring capabilities 

 Retort stands with 2 clamps 

 2 off cables 

 2 off crocodile clip 

 Magnetic stirring bead 

 Anode material (currently using nickel mesh attached using crocodile clip) 

 Bright nickel plating solution 

 2 liter beaker 

 Type N thermocouple with fluke temperature monitor 

 

Procedure 
1) The equipment should be setup as should in figure 1 in a fume cupboard. 

2) Approximately 500ml of plating solution should be placed in the beaker. 

3) The solution should be heated to 50°C prior to plating and kept at this temperature throughout (the 

hot plate currently available in the ISM should be set to approx. 125°C to achieve the 50°C 

required). The solution should be agitated using a magnetic stirrer rotating at approximately 

600rpm.  

4) The sample surface area should be measured and the current used should be set to achieve an 

electric current density of 50 mA/cm². This should be kept constant throughout the process.  

5) The sample should be held in a crocodile clip (cathode) the connected to the circuit and fully 

submerged in the plating solution. The current should be applied for 20 minutes.  

6) After plating, the sample should be carefully removed and left to air cool at room temperature. 

When cooled rinse in acetone. 

 
Appendix III: Figure 1– Schematic of Ni plating Setup 

RETORT STAND WITH CLAMPS 

ANODE WITH Ni MESH 

SAMPLE (CATHODE) 

THERMOCOUPLE 

FLUKE MONITOR 

MAGNETIC STIRRER BEAD 

POWER PACK 

HOT PLATE 

Ni PLATING SOLUTION 
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c) Mounting Procedure 

This procedure has been optimised for the OPAL 410 Hot Mounting Press, with a 32mm 

mount diameter. The unit should be setup using the values in Appendix III: Table 1. 

Appendix III: Table 1 - Mounting press settings 

RESIN PRESSURE 
TEMPERATURE 

(°C) 

HEATING 

TIME 

(mins) 

COOLING 

TIME 

(mins) 

METPREP CONDUCTO-

MOUNT 2  
(SETTING 2) 130 10 10 

 

d) Grinding and Polishing Procedure 

The grinding and polishing procedure is performed using the procedure in Appendix III: 

Table 2. 

Appendix III: Table 2 – Specialised polishing parameters 

 STEP 1 

(GRINDING) 

STEP 2 

(GRINDING) 

STEP 3 

(POLISHING) 

STEP 4 

(POLISHING) 

BASE 
SiC PAPER, 

#220 GRIT * 

SiC PAPER, #320 

GRIT - #1200 

GRIT 

PROGRESSIVELY 

DAC MD-CHEM 

MEDIA WATER WATER DIAPRO DAC 
OP-S (0.04 

MICRON) 

FORCE (N) 
HAND 

PRESSURE 

HAND 

PRESSURE 
25 20 

SPEED 

(RPM) 
300 300 150 150 

TIME 

(MINS) 

AS 

REQUIRED 
AS REQUIRED 5 8 

CLOTH 

CLEANING 

DISPOSE 

WHEN 

FINISHED 

DISPOSE WHEN 

FINISHED 

WATER RINSE 

AND AIR DRY 

WATER RINSE 

THOROUGHLY 

AND AIR DRY 

** 

 

*This stage is used to remove excess material/ to produce samples of the required thickness. 

 

**Ensure the polishing unit is wiped down thoroughly to avoid cross contamination. If using the auto-doser for OPS, 

ensure the dowser tube is cleared using water.  

 

After polishing with OP-S, it is advisable to polish the sample on the MD-CHEM base 

with water media, to remove excess OP-S from the sample.  
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6. MICROSCOPY 

a) Microscopy Features 

The features that are to be investigated during a cross sectional analysis can be seen in 

Appendix III: Figure 2. 

 
Appendix III: Figure 2 - Schematic of Expected Oxide Morphology After High 

Temperature Exposure of Ni-based Alloys [84] 

For the current analyses, the features labelled C, D and E are the most important 

variables for analysis. 

b) Microscopy Methods 

Scanning Electron Microscopy is suitable for imaging of most detail for the cross-

sectioned specimens. Back-scatter electron (BSE) microscopy has been found to produce 

images with good contrast between different elements; however, secondary electron (SE) 

imaging also will produce reasonable micrographs. Initial BSE setting that will usually 

produce an image for further manipulation are: 

 Working distance – 5-8mm 

 Spot size/ probe current – Small e.g. Jeol 7800F 5-8 

 Accelerating voltage – 10-15 kV 

 Small aperture e.g.3 or 4 on Hitachi SU3500 

For quantification of oxide damage, images should be collected such that damage covers 

25-75% of the total image height, from 10 randomly selected areas representative of the 

sample, from around the cross-section. 

For elemental differentiation, Energy Dispersive X-Ray Spectroscopy (EDS) has been 

found to produce good results.  
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For the study of recrystallized grains Electron Back-Scatter Diffraction (EBSD) 

is most suitable. 

For other features such as Gamma Prime depleted areas and carbide depleted grain 

boundaries, etching of samples is required. This must be performed after other 

measurements have been performed as the etchant will cause damage to the oxide scales. 

Gamma prime distributions are suitably identified by an electrolytic etch (2-3 V for 3 

seconds) using a 10% phosphoric acid solution. Also, a 0.06μm colloidal silica 

preparation (which will lightly etch the surface) can be suitable. For the investigation of 

carbides on grain boundaries, Kalling’s Etch, applied gently using a swab across the 

surface of interest in 2 perpendicular directions. 

It is recognised that projects may require more specific analysis and characterisation of 

certain features, which may or may not be covered in this procedure. 

c) Image Analysis 

Collected images can be analysed and measured in computer software such as 

ImageJ, which allows calibrated point-to-point distance measurement.  

In order to calculate average feature depths and standard deviation of these depths, 

a number of measurements are required. It is recommended that five equally 

spaced sampling lines are taken on each of the 10 images collected per sample to 

produce 50 measurements per sample in total. Individual measurements should be 

recorded in micrometres to two decimal places, with average values quoted to two 

significant figures.  

Total damage depth should be used to describe the total extent of damage to the 

deepest oxidation-related feature observed. This should be measured from the 

oxide/air (i.e. outermost) interface. In all cases, it must be stated which features 

are included in the total damage depth, e.g. Total damage depth = Rutile outer 

scale to carbide depletion depth. It may be useful to describe the total damage 

depth using the lettered notations in Appendix III: Figure 3, e.g. Total damage 

depth = A+B+G (for the example above). 
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Appendix III: Figure 3 - Schematic to Define the Various Depth Measurements Possible 

After High Temperature Exposure of Ni-based Alloys 

 

Where the five equally spaced sampling lines do not intersect any intergranular 

alumina fingers, the sampling lines can be adjusted so they intersect accordingly. 

Where less than the required 50 measurements have been taken per sample, the 

value of measurements should be stated. The method is described in Appendix III: 

Figure 4. 

 

 
Appendix III: Figure 4 - Schematic of Measurement Methods Where No Sampling Lines 

Intersect Intergranular Alumina Fingers 

 

For non-linear features e.g. where the alumina fingers do not run parallel to the 

sampling lines, the method shown in Appendix III: Figure 5 should be used for 

measuring the damage depth.  
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Appendix III: Figure 5 - Schematic of Measurement Methods Where the Features are Non-

Parallel to the Sampling Lines 
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Appendix IV 

Modelling Anion Controlled Oxidation  

In Nickel-based Superalloys 

Hector Basoalto 

Department of Materials Science and Engineering, University of Sheffield 

 

Summary 

A theoretical analysis is presented for modelling the parabolic growth kinetics during oxidation of 

a  strengthened nickel-based superalloys. In particular, it aims to rationalise the experimental 

observation of Lewis and co-workers [1,2] that the apparent activation energy for oxide growth 

under compressive applied stresses are smaller than those determined under tensile uniaxial 

loading conditions. It is proposed that transport of oxygen ions (and therefore oxidation of the 

alloy) is maintained by the development of an internal stress state at the metal/oxide interface. 

These stresses modify the chemical potential of oxygen ions and establish their flux from the free 

surface to the metal/oxide interface. An analysis of the mechanical fields is presented that accounts 

for the viscoplascity of the / alloy as well as differences in the elastic properties of the oxide 

and metal. The relevant diffusion problem is solved and parabolic growth kinetics with scaling 

law ℎ ∼ 𝑡1/2 are predicted, where ℎ is the oxide scale thickness and 𝑡 the elapsed time. Expressions 

for the apparent activation energy are derived. The applied stress is shown to influence the apparent 

activation energy. Furthermore, the transformation stress at the metal/oxide interface results in an 

asymmetric apparent activation energy with respect to loading direction, with lower apparent 

activation energy under compression than tension.  
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1   Physical model  

This section describes the main aspects of the proposed physical model for anion controlled 

oxidation in  nickel-based superalloys. Following formation of an initial oxide layer, further 

development of the oxide layer requires diffusion of oxygen ions to the metal/oxide interface, 

where they react with available cations (Al+2, Cr+2, Ni+2). This in turn requires that the chemical 

potential of the diffusing anions at the free surface and the metal/oxide interface be different. This 

can be achieved through the development of stress variations across the oxide layer, since the 

pressure is known to modify the chemical potential.  

Consider the case of a cylindrical specimen of radius 𝑅 and gauge length 𝐿  at some temperature 

𝑇 and zero applied stress, as illustrated in Figure 1a. It is assumed that an initial oxide layer of 

thickness ℎ at 𝑟 = 𝑎 has already formed. Let the material points occupied by the oxide and metal 

be denoted by ℬo and ℬ𝑚, respectively (see Figure 1b). Over a time interval 𝛿𝑡 the oxide advances 

by an amount 𝛿ℎ into the alloy, thereby transforming a domain 𝛿ℬ∗ into oxide. The volumes of 

𝛿ℬ∗, ℬo and ℬ𝑚 are denoted by 𝑉(𝛿ℬ∗), 𝑉(ℬo) and 𝑉(ℬ𝑚), respectively, and are such 𝑉(𝛿ℬ∗) ≪

𝛿𝑉(ℬo) ≪ 𝑉(ℬ𝑚).  The transformation in ℬ∗  is accompanied by a change in volume associated 

with the replacement of the / lattice cells by that of the oxide, resulting a transformation strain 

𝜖𝑜
∗ in 𝛿ℬ∗. Compatibility requirements will induce an internal stress state as the material on either 

side of 𝛿ℬ∗ will constrain the expansion due to 𝜖𝑜
∗.  Consequently, the newly formed oxide in 𝛿ℬ∗ 

is in under compression. Let this stress be denoted Σ𝑜
∗ . Equilibrium of forces demand that tensile 

stresses, Σ𝑚
∗ , ahead of the interface in the alloy must balance the compressive stresses in the 

transformed region. This tensile stresses exist over a domain 𝛿𝐵𝛾′ ∈ 𝐵𝑚 which will be taken to be 



   

207 

 

 depletion zone ahead of the metal/oxide 

interface. Since 𝛿ℬ∗ and 𝛿𝐵𝛾′ are relatively 

small compared with the oxide thickness and 

assuming Σ𝑜
∗  and Σ𝑚

∗  uniform within these 

regions is a good approximation. For an 

elastically deforming oxide and elasto-

viscoplastic metal, evolution relations for Σ𝑜
∗  

and Σ𝑚
∗  are derived in section 2. Rate-

dependent plastic deformation in ℬo will result 

in relaxation of the Σ𝑜
∗  and Σ𝑚

∗ . Outside these 

regions, the internal stresses must decay with 

increasing distance away from the 

transformation/ depletion zones. The stresses 

in the oxide are approximated by treating ℬo as 

a cylinder subject to an internal pressure Σ𝑜
∗ , 

from which the hoop and radial stress 

distributions are obtained. Similarly, the 

stresses in the alloy can be approximated by 

solutions to the problem of a solid cylinder 

subject to an external pressure Σ𝑚
∗ .  

The stress Σ𝑜
∗   in 𝛿ℬ∗ will modify the oxygen anion chemical potential from that at the free surface. 

This difference in the chemical potential will result in the diffusion of oxygen ions from the surface 

to the metal/oxide interface. In section 3, it is shown that the approximated stress field in ℬo (the 

oxide) does not lead to stress-assisted diffusion, thereby, simplifying diffusion problem 

considerably.  The predicted concentration fields are used to calculate the flux of oxygen ions 

arriving at the metal/oxide interface. From the flux the oxide growth rate is derived.  

  

(a) 

(b) 

Figure 1 (a) Schematic of basic geometry. (b) 

Definition of oxide, transformation and metal 

domains and associated stress states.   
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2   Transformation induced stresses 

 Consider a cylindrical uniaxial test piece of length 𝐿  and radius 𝑅  as shown in Figure 1. For 

anion controlled oxidation the oxide grows inwards from the surface into the metal through 

diffusion of oxygen ions. Reactions between oxygen anions and metal cations occur at the 

metal/oxide interface located at 𝑟 = 𝑎 = (𝑅 − ℎ), where ℎ is the thickness of the oxide. Suppose 

the interface advances by 𝛿ℎ inwards.  Let 𝛿𝜙𝑜 = 𝑉(𝛿ℬ∗)/(𝜋𝑅2𝐿) = 2 𝑎 𝛿ℎ/𝑅2 be the volume 

fraction of the newly formed oxide. Let 𝜖𝑜
∗ be the eigenstrain associated with the change in volume 

as metal is transformed to oxide. This eigestrain is determined by the Pilling-Bedworth ratio Π𝑃𝐵 

of the alloy and is given by 

𝜖𝑜
∗  =

1

3
ln Π𝑃𝐵 

(2.1) 

 

Differences in thermal expansion between the newly formed oxide and metal substrate will 

contribute to the Eigenstrain. This contribution will not be considered further; however, the theory 

can easily be extended to account for such effects. The transformation strain 𝜖𝑜
∗   will induce a 

redistribution of stress in the vicinity of the oxide/metal interface. The situation is schematically 

illustrated in Figure 2.  The stress in the transformed volume is 

Σ𝑜
∗ = 𝐸𝑜𝜖𝑜

∗ (2.2) 

 

where 𝐸𝑜 is the Young’s modulus of the oxide. Imposing equilibrium, will induce a stress Σ𝑚 on 

the metal substrate side of the interface, so that locally these stresses satisfy the condition 

𝛿𝜙𝑜 Σ𝑜
∗ + 𝛿𝜙𝑚 Σ𝑚

∗ = 0 (2.3) 

 

where 𝛿𝜙𝑚 = 𝑉(𝛿ℬ𝛾′
)/(𝜋𝑅2𝐿) is the volume fraction of the  depleted zone. Compatibility 

requirements demand that the deformation rates in 𝛿ℬ𝛾′
 and 𝛿ℬ∗ be equal, which leads to the 

following condition on Σ𝑚 and Σ𝑜: 

Σ𝑜
∗

𝐸𝑜
+ 𝜖𝑜

∗ =
Σ𝑚

∗  

𝐸𝑚
+ 𝜖𝑚

𝑝
 

(2.4) 
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where 𝐸𝑚 is the effective Young’s modulus of the metal substrate and 𝜖𝑚
𝑝

 is the plastic strain on 

the metal substrate side of the interface. Combining Equations (2.3) and (2.4), the pressure exerted 

by the transformation zone on the oxide layer is 

Σ𝑜
∗ = −

𝛿𝜙𝑚 𝐸𝑜𝐸𝑚

𝐸𝑚 + 𝛿𝜙𝑜Δ𝐸
(𝜖𝑜

∗ − 𝜖𝑚
𝑝 ) 

(2.5) 

 

where Δ𝐸 = 𝐸𝑜 − 𝐸𝑚. It follows from Equation (2.5) that plastic deformation of the metal 

substrate will relax the transformation stress near the interface. Now that Σ𝑜 
∗ is known, from 

Equation (2.3), the stress in 𝛿ℬ𝛾′
 is given by 

Σ𝑚
∗ = −

𝛿𝜙𝑜

𝛿𝜙𝑚
Σ𝑜

∗  
(2.6) 

 

From Equation (2.5), the oxidation process induces a compressive stress in 𝛿ℬ∗. When 𝛿ℬ∗ is 

small compared ℬ𝑜, the problem resembles that of a cylinder ℬ𝑜 subject to an internal pressure 

Σ𝑜 
∗ . This internal pressure will induce a stress field 𝚺o = (Σ𝑟𝑟

𝑜 , Σ𝜃𝜃
𝑜 , Σ𝑧𝑧

𝑜 ) in the oxide. Assuming 

that this is a reasonable approximation, the stress fields in the oxide are  

𝑟 ∈ ℬo, Σ𝑟𝑟 = 𝛽(1 − 𝑅2/𝑟2) Σ𝑜
∗  (2.7) 

 

𝑟 ∈ ℬo, Σ𝜃𝜃 = 𝛽(1 + 𝑅2/𝑟2) Σ𝑜
∗     

(2.8) 

 

where 𝑞 = 1/(𝑅2/𝑎2 − 1). Under plane strain conditions Σ𝑧𝑧 = 𝜈𝑜 (Σ𝑟𝑟 + Σ𝜃𝜃) and inserting the 

last two expressions 

𝑟 ∈ ℬo, Σ𝑧𝑧 = 2 𝑞 𝜈𝑜Σ𝑜
∗   

  

 

 (2.9) 

From Equations (2.7),(2.8) and (2.9), the hydrostatic stress 𝑃𝑜 = − (Σ𝑟𝑟 + Σ𝜃𝜃 + Σ𝑧𝑧)/3 in the 

oxide domain (excluding transformation zone) is  
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𝑟 ∈ ℬo, 
𝑃𝑜 = −

2

3
 𝑞(1 + 𝜈𝑜) Σ𝑜

∗  
 (2.10) 

 

Equations (2.7) - (2.10) are based on static solutions of a cylinder subject to internal pressure. In 

reality a mobile metal/oxide interface will modify and translate the stress field away from the static 

solution. For growth rates that are not too fast, the approximations given by Equations (2.7) - (2.10) 

should provide a reasonable representation of the stress state in the oxide; this needs to be proved. 

However, it will be shown in the following sections that these macroscales stresses do not 

contribute to the diffusion of oxygen ions.  
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3   Constitutive description of / alloy 

A state variable framework is adopted for the constitutive description for the plastic rate of the 

metal. Key elements of the theory is the evolution of a kinematic back stress 𝜎𝑘  and evolution of 

the mobile dislocation density 𝜌𝑚. The development of the state variable 𝜎𝑘 is associated with 

stress partitioning between plastically hard domains. An example of such a mechanism is provided 

by limiting deformation to the  phase with the ’ precipitate phases undergoing elastic distortion 

only. A distribution of plastically hard/soft grains will also contribute to the development of a 

kinematic back stress. A continuity condition is used to model the mobile dislocation density 

evolution, where competition between generation and annihilation rates gives the net rate of 

change in mobile dislocations. The generation rate is controlled by the activation of Frank-Read 

sources while the annihilation rate is linked to the formation of dislocation dipoles. For a 

precipitate strengthened nickel-based superalloys, it can be shown that 𝜖𝑚̇
𝑝

 has the form [Error! 

Reference source not found.] 

𝜖𝑚̇
𝑝   =

𝜌𝑚𝜆𝑝𝐷𝑣
𝑚𝑐𝑗

𝑀 𝑟𝑝
sinh (

(Σ𝑚
∗ − 𝜎𝑘) Δ𝑉∗

𝑀 𝑘𝑇
) 

 

(3.1) 

𝜎̇𝑘 = 𝐺 𝜙𝑝 (1 −
𝜎𝑘

𝐻∗ Σ𝑚
∗

) 𝜖𝑚̇
𝑝

 

 

(3.2) 

𝜌̇𝑚   = 𝜌𝑠Γ𝑚
+ − 𝜌𝑚

2
𝑀 𝑏 𝑣𝑔𝐺𝑚

4 𝜋(1 − 𝜈)Σ𝑚
∗

 

 

(3.3) 

where 𝜌𝑚 is the mobile scalar dislocation density, 𝜌𝑠 is the density of dislocation sources, 𝐷𝑣
𝑚 the 

volume diffusivity, 𝑐𝑗 jog concentration, Δ𝑉∗ an activation volume for dislocation slip, Γ𝑚
+ is the 

mean dislocation generation rate, 𝐺𝑚 is the shear modulus. The maximum stress transferred to the 

hard domains is 𝐻∗ Σ𝑚. For spherical precipitates, Dyson [4] showed that the parameter 𝐻∗ is a 

function of the precipitate volume fraction. The activation volume is taken to be Δ𝑉∗ = 𝑏2 𝜆𝑝; 

however, Δ𝑉∗ will deviate from this value if the  is fully depleted and the spatial parameter is 

related to the jog spacing.  
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4   Oxide growth rate at zero applied stress 

At constant temperature and pressure the appropriate free energy is the Gibbs free energy 𝐺 =

𝐺(𝐹, 𝑉, 𝑁1, 𝑁2, ⋯ ) which is defined as 

𝛿𝐺 = 𝛿𝐹 − 𝑃𝛿𝑉 + ∑ 𝜇𝑗  𝛿𝑁𝑗

𝑗

 
(4.1) 

 

where 𝛿𝐹 is the Helmholtz free energy, 𝑃 the pressure, 𝜇𝑗 is the chemical potential of chemical 

species  𝑖 and 𝛿𝑉 the change in volume accompanying the process. Suppose that 𝛿𝑉 is due to 

transport of some chemical species 𝑖. Suppose that for the moment 𝛿𝐹 = 0 for a variation in 𝛿𝑁𝑖, 

then the free energy change associated with transport of chemical species is  

𝛿𝐺 = (
𝜕𝐹

𝜕𝑁𝑖
 − 𝑃

𝜕𝑉

𝜕𝑁𝑖
+ 𝜇𝑖 ) 𝛿𝑁𝑖 = (𝜇𝑖  − 𝑃

𝜕𝑉

𝜕𝑁𝑖
) 𝛿𝑁𝑖 

 

(4.2) 

 

Let Ω̅ is the effective atomic volume of the oxide, the volume of oxide formed is 𝑉 = Ω̅ 𝑁𝑖. At 

equilibrium 𝛿𝐺 = 0 and 𝑃 = Σ∗ for 𝑟 ∈ ℬ∗, so that the chemical potential in the transformation 

zone is given by 

𝜇∗ = 𝑃Ω̅ = Ω̅ Σ𝑜
∗  (4.3) 

 

using 𝜇 = 𝑘𝑇𝑙𝑛 (𝑐/𝑐0), where 𝑐0 is the equilibrium concentration of oxygen ions in the oxide, it 

follows that the anion concentration at the interface is   

𝑐(𝑟 = 𝑎)  = 𝑐0 exp (−
Ω̅ Σ𝑜

∗

𝑘𝑇
 )  

(4.4) 

 

The chemical potential at the free surface is 𝜇𝑠 with concentration 𝑐𝑠 of oxygen ions at 𝑟 = 𝑅. 

Assuming the mass transport of anions reaches steady state relatively quickly; the continuity 

condition for diffusion becomes 

𝛁 ⋅ 𝑱 = 0 (4.5) 



   

213 

 

where 𝑱 is the flux of some chemical species. Nickel-based superalloys have complex chemistries 

and the flux is calculated from the gradients of chemical potential weighted by the Onsager matrix. 

Fang and co-workers [5,6] have used this approach successfully to model mass transport in 

RR1000 using a finite element implementation.  For the sake of simplicity, the flux of oxygen ions 

will be assumed to be well characterised by 

𝑱 =
𝐷𝑣  𝑐 

𝑘𝑇
𝛁𝜇 

(4.6) 

 

where 𝐷𝑣 is the diffusivity. Inserting 𝜇 = 𝑘𝑇 ln (𝑐/𝑐0). From Equation (2.10), the pressure in the 

oxide is constant and will therefore have no contribution to the chemical potential. This simplifies 

the diffusion problem significantly. Expressing the continuity condition for transport of oxygen 

ions in polar coordinates: 

1

𝑟

𝜕

𝜕𝑟
(𝑟

𝜕𝑐

𝜕𝑟
) = 0 

(4.7) 

 

with boundary conditions 

𝑐 (𝑟 = 𝑎) = 𝑐0 exp (
Ω̅ Σ𝑜

∗

𝑘𝑇
) 

𝑐 (𝑟 = 𝑅) = 𝑐𝑠                       

 

(4.8) 

 

This boundary value problem has the solution 

𝑐 (𝑟) = 𝑐0 exp (
Ω̅ Σ𝑜

∗

𝑘𝑇
)

ln(𝑅/𝑟)

ln(𝑅/𝑎)
+ 𝑐𝑠

ln(𝑟/𝑎)

ln(𝑅/𝑎)
 

(4.9) 

 

Since the current of oxygen ions is  𝐼(𝑟) = 2𝜋 𝑟𝐿 𝐽(𝑟) and the corresponding volume growth rate 

of the oxide is 𝑉̇ = 𝐼(𝑟 = 𝑎) Ω̅  and collecting terms 

𝑉̇(𝑎) = 2 𝜋 𝑟 𝐿  𝐷𝑣  
𝜕(𝑐 (𝑟) − 𝑐0)

𝜕𝑟
⌉

𝑟=𝑎

  
(4.10) 
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Inserting solution (4.9) into the last expression gives 

𝑎 𝑎̇ =
Ω̅ 𝐷 

ln(𝑅/𝑎)
 {𝑐𝑠 − 𝑐0 exp (

Ω̅ Σ𝑜
∗

𝑘𝑇
)} 

(4.11) 

 

Taking 𝑅/𝑎 = 1/(1 − ℎ/𝑅) then  ln(𝑅/𝑎) = − ln(1 − ℎ/𝑅) = ℎ/𝑅 + ℎ2/2𝑅2 + ⋯ = ℎ/𝑅 +

𝑂(ℎ2/𝑅2) and to first order in ℎ/𝑅 it follows 𝑎 ln(𝑅/𝑎) ≈ ℎ. Noting that 𝑎̇ = −ℎ̇ and imposing 

𝑐𝑜 = 𝑐𝑠 Equation (4.11) becomes 

ℎ̇ =
𝐷𝑣 𝑐𝑠

ℎ
[exp (

Ω̅ Σ𝑜
∗

𝑘𝑇
) − 1] 

(4.12) 

 

It follows from the last expression, that the transformation stress  Σ𝑜
∗  at the oxide/metal interface 

provides the driving force for oxide growth; setting  Σ𝑜
∗ = 0 results in no growth of the oxide layer. 

The extent of creep in ℬγ′ will modify  Σ𝑜
∗  and in turn will influence the growth rate.  Integration 

of Equation (4.12) implies that the oxide thickness obeys scaling law ℎ ∼ 𝑡1/2. 
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5   Influence of applied stress field 

The equilibrium condition at metal/oxide interface in the presence of an applied stress is 

𝛿𝜙0 Σ𝑜
∗ + 𝛿𝜙𝑚 Σ𝑚

∗ = 𝜎 (5.1) 

 

Combining the last expression with the compatibility and inserting Equation (3.1) yields the 

following expression for the evolution of the stress in ℬγ′ 

 Σ̇𝑚
∗  =

𝐸𝑚

𝐸̅
𝜎̇ −

𝐸𝑜𝐸𝑚 𝛿𝜙𝑚

𝐸̅
 (

𝜌𝑚𝜆𝑝𝐷𝑣
𝑚𝑐𝑗

𝑀 𝑟𝑝
sinh (

(Σ𝑚
∗ − 𝜎𝑘)𝑏2 𝜆𝑝

𝑀 𝑘𝑇
) − 𝜖𝑜̇

∗)  
(5.2) 

 

where  𝐸̅ = 𝛿𝜙𝑚𝐸𝑚 + 𝛿𝜙𝑜𝐸𝑜. The last result gives the stress in ℬγ′ explicitly in terms of the 

nickel-based superalloy microstructure. Assuming a lattice square spacing 𝜆𝑝/𝑟𝑝 is a function of 

the  volume fraction 𝜙𝑝; increasing 𝜙𝑝results in a decrease in 𝜆𝑝/𝑟𝑝 and therefore Σ𝑚
∗ relaxes at 

a slower rate.  If   formers are being depleted as a result of oxidation, then the size 𝑟𝑝 and volume 

fraction 𝜙𝑝 of the   precipitates will be lower than otherwise would be, leading to an increase in 

𝜆𝑝. According to Equation (5.2), these changes will result in a faster relaxation of Σ𝑚
∗ . The stress 

Σ𝑜
∗  in the transformation zone ℬ∗ is determined from rearrangement of Equation (5.1): 

Σ𝑜
∗  =

𝜎 − 𝛿𝜙𝑚Σ𝑚
∗

𝛿𝜙𝑜
  

(5.3) 

 

Combining Equations (4.12) and (5.3) gives the growth rate of the oxide in the presence of an 

applied uniaxial stress as 

ℎ̇ =
𝐷𝑣  𝑐𝑠

ℎ
[exp (

Ω̅

𝑘𝑇
(

𝜎 − 𝛿𝜙𝑚Σ𝑚
∗

𝛿𝜙𝑜
 )) − 1] 

(5.8) 

 

Setting 𝜎 = 0 the last expression reduces to Equation (4.12).  
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6   Apparent activation energy  

The diffusivity of oxygen ions is usually expressed as 𝐷𝑣 = 𝐷𝑣,0 exp(−𝑈𝑑/𝑘𝑇), where 𝑈𝑑 is the 

activation energy for diffusion and 𝐷𝑣,0 is a pre-exponential parameter. Under zero applied stress, 

the oxide thickness is obtained by integration of Equation (4.12) and easily shown to be 

ℎ̇ =
𝐷𝑣 𝑐𝑠

ℎ
[exp (

Ω̅ Σ𝑜
∗

𝑘𝑇
) − 1] 

(6.1) 

 

where  Σ𝑜
∗ = −| Σ𝑜

∗ | to emphasise that the transformed region is under compression. In 

experimental studies, it is common to express the growth rate as 

ℎ̇ =
𝐾

ℎ
exp (−

𝑄𝑎𝑝𝑝

𝑘𝑇
) 

(6.2) 

 

where 𝑄𝑎𝑝𝑝 is an effective or apparent activation energy and 𝐾 is a model parameter. Comparing 

Equations (6.1) and (6.2) 

𝐷𝑣,0 𝑐𝑠 [1 − exp (
Ω̅| Σ𝑜

∗ |

𝑘𝑇
)] exp (−

1

𝑘𝑇
(𝑈𝑑 + Ω̅| Σ𝑜

∗ |)) = 𝐾 exp (−
𝑄𝑎𝑝𝑝

𝑘𝑇
) 

 

(6.3) 

 

and obtain the following expressions for 𝐾 and the apparent activation energy for zero applied 

stress conditions 

𝐾 = 𝐷𝑣,0 𝑐𝑠 [1 − exp (
Ω̅| Σ𝑜

∗ |

𝑘𝑇
)] 

 

𝑄𝑎𝑝𝑝 = 𝑈𝑑 − Ω̅| Σ𝑜
∗ | 

 

 

(6.4) 

 

 

(6.5) 

 

Thus, based on Equation (6.2), the development of a transformation stress Σ𝑜
∗  modifies the 

activation energy for the process by −Ω̅| Σ𝑜
∗ | and as Σ𝑜

∗  (< 0) is compressive the apparent 

activation energy for oxidation is less than that expected from self-diffusion of oxygen anions in 

the oxide. 
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Carrying out similar procedure for the oxide growth rate in the presence of an applied stress, the 

effective growth rate parameters become  

𝐾 = 𝐷𝑣,0 𝑐0 [1 − exp (−
Ω̅

𝑘𝑇
(

𝜎 − 𝛿𝜙𝑚| Σ𝑜
∗ |

𝛿𝜙𝑜
 ))] 

 

𝑄𝑎𝑝𝑝 = 𝑈𝑑 +
𝜎 − 𝛿𝜙𝑚| Σ𝑜

∗ |

𝛿𝜙𝑜
 

 

 

(6.6) 

 

 

(6.7) 

 

Thus, in the presence of an applied stress modifies further the apparent activation energy for the 

diffusion of oxygen anions. From Equation (4.7), a tensile applied stress (𝜎 > 0) increases the 

apparent activation energy, while a compressive stress (𝜎 < 0) reduces 𝑄𝑎𝑝𝑝. Furthermore, creep 

in the metal will relax Σ𝑜
∗  resulting in a time dependent apparent activation energy while Σ𝑜

∗  is 

changing. Equation (6.7) predicts an increase in the apparent activation energy as Σ𝑜
∗  is relax 

through creep. It follows that at low stresses creep will fully relax Σ𝑜
∗  and no difference between a 

tensile or compressive stress is predicted. However, at high stresses creep deformation can 

partially relax Σ𝑜
∗  and a lower apparent activation energy is predicted for compressive loads 

compared to tensile conditions.  

  



   

218 

 

7   Conclusions 

A macroscopic theoretical treatment of the oxidation growth kinetics in  strengthened nickel-

based superalloy has been presented. It is shown that oxygen anion diffusion from the free surface 

to the metal/oxide interface arises from differences in their chemical potential induced by 

transformation strains associated with the formation of the oxide. Compressive stresses are 

established as the metal coverts to oxide, which in turn result in tensile stress in the neighbouring 

metal (the  depleted zone). Creep in the alloy will relax the compressive stress state on the oxide 

side of the interface (referred to as the transformation zone). For a given time exposure and 

temperature, increasing the applied stress will increase the rate of viscoplasticity in the  depletion 

zone and result in a greater relaxation of the transformation stresses in the formed oxide. This is 

turn leads to increase differences in the apparent activation energy.  
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